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Block 19 (Cont.)

Oxidized HIPSN does not experience any strength degradation when static loaded at 1200°C
below a threshold stress intensity of 1.50 MPa'm!. The oxidation treatment causes micro-
structural changes in the ceramic, resulting in a material with improved creep and crack
growth resistance.

The interrupted static fatigue test was applied to three commercially available silicon
nitride-based materials in the as-~machined condition at 1200°C in air for ten hours. The
effect of initial applied stress on the fracture stress indicated threshold stresses of

162 MPa, 375 MPa and 388 MPa for the AY6, PY6 and SN250M materials, respectively. The
threshold stress was found to depend on the nature of the grain boundary phase in beta-
silicon nitride ceramics with similar grain size and morphology. Differences in grain
boundary structure from amorphous to crystalline accounted for an increase in the threshold
atress by more than a factor of two.

Tensile creep tests were performed on the more stable oxidized silicon nitride using an
optical extensometer and a flat dogbone-shaped specimen. Typical primary and secondary
creep behavior was observed at 1100°C in air at applied stresses below the predicted
threshold stress. Creep tests at 1150°C at 200 MPa show both creep behavior and slow crack
growth rupture behavior. All creep tests at 1200°C led to very short term failure at
applied stresses of 100~200 MPa.

The threshold stress intensity. for crack growth in three types of dense polycrystalline
silicon carbide ceramics was investigated at 1200, 1300 and 1400°C. Tests done on the CVD
beta silicon carbide showed very low reliability at these temperatures and considerable
strength degradation was observed due to the presence of unreacted silicon in this material.
Delayed failure was observed, but reliable threshold stress intensity values at these
temepratures could not be determined due to the low Weibull modulus.

The threshold stress intensity values of oxidized specimens of sintered silicon carbide

were 3.75, 2.47 and 2.42 MPa-m! at 1200, 1300 and 1400°C, respectively. Indentation-
induced tensile residual stresses were completely relieved under ten-hour static loading

at 1300 and 1400°C but not ac 1200°C. Subcritical crack growth in the indented material
relaxes the residual stress during the static load test. Stress independent constant crack
velocity values of 6.0 x 1072 and 2.3 x 10~8 m/sec were calculated by using dynamic fatigue
tests at 1200 and 1300°C, respectively. Constant crack growth velocity values of 2.0 x 10-8
and 1.0 x 10~8 m/sec were measured at 1300°C and 1400°C, respectively.

The threshold stress intensity values of HIP'ed silicon carbide were 3.52, 2.93 and 2.5l
MPa - m! at 1200, 1300, 1400°C, respectively. Indentation-induced residual stresses were

relieved upon oxidation at elevated temperatures accompanied by flaw healing in the HIP'ed
silicon carbide. :

Activation energies of 46 and 34 KJ/mole were calculated for the threshold stress intensity
for crack growth for the sintered and HIP'ed SiC, respectively. Stress relaxation via
viscous deformation and microscopic flaw healing and blunting becomes more probable with

decreasing grain size and increasing internal oxygen content in oxidized silicon carbide
ceramics.

The tensile creep behavior of a siliconized silicon was investigated as a function of temp-
erature and stress, using a modified flat dogbone-shaped specimen and an electro-optical
extensometer to measure creep strain. The results of the creep study revealed the existence
of a threshold stress for cavity formation. At applied stresses below the threshold stress,
the creep behavior was controlled by the deformation of the silicon phase, while at applied
stresses greater than the threshold, cavity formation contributed to this deformation
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.permeation through the amorphous silica film. In the higher temperature range, two possible

Block 19 (cont.)'
process.

Quantitative microscopy determined the threshold stress for cavity formation to be 125.4 MPa
at 1373 K. Both the areal density and area fraction of cavities increased linearly with
creep strain. TEM analysis was used to determine that dislocation processes were active in
the silicon phase during deformation of the siliconized silicon carbide.

The steady-state stress exponent for creep at 1373 K was approximately four at applied stress
levels less than the threshold for cavity formation and the activation energy for steady-
state creep in the abs¢nce of cavity formation was approximately 175 KJ/mole for the
temperature range of 1373 K to 1473 K, under an applied stress of 103.4 MPa. The rate
controlling mechanism was determined to be dislocation glide in the silicon phase. At
stresses above the threshold, the steady-state stress exponent increased to ten at 1373 K
and the activation energy increased to 315 and 380 KJ/mole for the temperature ranges of
1373 ~ 1423 K and 1423 ~-1473 K, respectively. The cavity formation process was responsible
for the increases.

Analysis of the experimental data established that the cavity formation was nucleation
controlled and the proposed mechanism was heterogeneous nucleation of cavities at the
silicon-silicon carbide interface. Cavity growth occured very rapidly under the stresses and
temperatures used in this study. The proposed mechanism for cavity growth was the
diffusional transport of matter away from the crack tip and down the boundary between the
silicon and silicon carbide.

The oxidation behavior of black and green single crystal silicon carbide materials under
different oxygen partial pressures was studied over the temperature range 1200 - 1500°C.
Parabolic behavior was observed for both materials. The calculated activation energies for
the fast growth face (000T) for black single crystal SiC in the lower temperature range were
112, 94, and 95.4 KJ/mole under oxygen partial pressures of 0.1, 0.0l and 0.001 atmospheres,
respectively. At higher temperatures the values were 257, 285, and 288 KJ/mole, respectively
at the same partial pressures. For the fast growth face (000I) of green single crystal SiC
the values of the activation emergy at the lower temperatures were 115, 100, and 127 KJ/mole
at 0.1, 0.01 and 0.001 atmospheres, respectively. At higher temperatures the values are 234,
265, and 232 KJ/mole for the same three partial pressures.

The transition temperatures at which the oxidation rate controlling mechanism changed
increased with an increase in oxygen partial pressure. The values of the transition temp-
erature for the black single crystal silicon carbide were lower than those of the green
single crystal silicon carbide.

In the lower temperature range, the oxidation was believed to be controlled by oxygen
rate conrolling mechanisms were the ionic or atomic diffusion via a lattice exchange

mechanism and the out-diffusion of a an oxidation by-produzt such as carbon monoxide, away
from the $109~5iC interface.
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The research on this project has proceeded in four general areas.

a) Flaw behavior and tensile creep behavior in silicon nitride ceramics at
elevated temperatures.

'b) Microstructural and environmental effects on the static fatigue limit in
" silicon carbide ceramics at elevated temperatures.

¢) Tensile creep of silicon carbide ceramics.
d) Oxidation of silicon carbide materials.

Summary of Results

a) M. Foley has defended his M.S. thesis entitled "Flaw Behavior Near the
Threshold Stress Intensity in a Hot Isostatically Pressed Silicon Nitride at
Elevated Temperatures.” The abstract is included in the appendix.
Preliminary tensile creep rupture tests on silicon nitride were performed and
are summarized in a paper entitled "Time Dependent Mechanical
Behavior of Silicon Nitride Ceramics above 1100°C," also included in the
appendix.

b) B. Yavuz has defended his Ph.D. Thesis entitled "Subcritical Crack
Growth Behavior and Threshold Stress Intensity for Crack Growth in Silicon
Carbide Ceramics at Elevated Temperatures," and the abstract is included in the
appendix.

c¢) D. Carroll has defended his Ph.D. Thesis entitled "Tensile Creep Behavior and
Cavity Damage in a Siliconized Silicon Carbide,” and the abstract is included in
the appendix.

d) Z. Zheng has defended his M.S. Thesis entitled "Oxidation of Single Crystal
Silicon Carbide,” and the abstract is included in the appendix.

Also included in the appendix are copies of all manuscripts published or submitted

under ARO sponsorship during the project period of August 15, 1984 through July 14,
1988, including journal references.

Listof M :

1. "Kinetics of Oxidation of SiC Crystals and Ceramics, Part I: In Dry Oxygen,"
J. A. Costello and R. E. Tressler, J. Amer. Ceram. Soc., 69 (9), 674-681 (1986).

2. "Isotope Labeling Studies of the Oxidation of Silicon at 1000° and 1300°C," J. A.
Costello and R. E. Tressler, J. Electrochem. Soc. 131 (8) 1944-47 (1984).
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J. A. Costello and R. E. Tressler, Ceramics International, 11 (2), 39-44 (1985).
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Growth," R. E. Tressler, E. J. Minford, and D. F. Carroll, Proceedings of the
Second International Conference on

Structures, April 1-6, 1984, University of Wales.

"Time ndent Strength of Siliconized Silicon Carbide Under Stress at 1000°C
and 1100°C," D. F. Carroll and R. E. Tressler, J. Amer. Ceram. Soc., 68 (3)
143-146 (1985).

"Oxidation of Silicon Carbide Ceramics," R. E. Tressler, J. A. Costello, and
Z. Zheng, in Industrial Heat Exchangers, Ed. A. J. Hayes, W. W. Liang, §. L.
Kishler and E. S. Tabb, American Society for Metals, 1985, pp. 307-314.

"High Temperature Mechanical Properties of Siliconized Silicon Carbide
Composites,” D. F. Carroll, R. E. Tressler, Y. Tsai, and C. Near, in Tailoring of
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ABSTRACT

The flaw behavior in as-machined and oxidized AY6 hot
isostatically pressed silicon nitride (HIPSN) under static load was
investigated at various stress intensities, times and temperatures.
The short term fracture stress and fracture toughness at room
temperature and elevated temperatures were not affected by oxidation.
Flav origins were of the pore/cavity type and iron-based inclusion
type. There was no strength increase or degradation in as-machined
and oxidized specimens static loaded at 1100°C in air below the
threshold stress intensity. The threshold stress intensities for
crack growth at 1100°C were determined to be 1.75 and 2.00 MPa . n1/2
for the as-machined and oxidized HIPSN, respectively. A strength
decrease with increased applied stress was observed in as-machined
specimens static loaded at 1200°C and 1300°C in air. This effect is
due to the creation of a new flaw population with more severe flavs
and/or increasing the severity of the original flaws. Threshold
stresses of 160 MPa nd 90 MPa were observed at 1200°C and 1300°C,
respectively. Oxidized HIPSN does not experience any strength
degradation when static loaded at 1200°C below a threshold stress
intensity of 1.50 HPa-nllz. The oxidation treatment is thought to
produce microstructural changes resulting in a material with improved
creep reaistance. Due to the extensive plastic deformation occurring

in samples static loaded at 1300°C no further teating of oxidized

samples was done at 1300°¢c.
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ABSTRACT

The threshold stress intensity for crack growth in
three types of dense polycrystalline silicon carbide
ceramics was investigated at 1200, 1300 and 1400°C. 1In
order to study the effect of variable grain boundary
composition, a chemically vapor deposited silicon carbide
with no cationic additive, an aluminum-doped pressureless
sintered silicon carbide and a HIPed silicon carbide
densified with no sintering additives were tested. The
modified static loading technique which was developed by
Minford and Tressler® was used to determine the threshold
stress intensities.

It was shown that when a knowledge of the strength
distribution is explicitly incorporated with the modified
static loading data, the threshold stress intensity values
can be obtained with a 95%.confidence.

An interpretation of the dynamic fatigue test
results was developed for ceramics which have threshold
stress intensities equal to a significant fraction of its
fracture toughness.

Tests done on the chemically vapor deposited beta
silicon carbide revealed that this material contains
unreacted silicon. Significant tensile residual stresses
were nonuniformly distributed within this materiél.

Strength distribution tests done on this material showed

T
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very low reliability (i.e., low Weibull modulus at every

temperature). At temperatures above 1300°C, considerable
strength degradation was observed due to the presence of
free silicon in this material. Delayed failure was
observed at 1300 and 1400°C, but reliable threshold stress
intensity values at these temperatures could not be
determined using 10-hour modified static loading due to
the very low Weibull modulus of the material.

Modified static loading tests of ten hours duration
were performed on the oxidized as-machined specimens of
sintered silicon carbide to determine the threshold stress
intensity at 1200, 1300 and 1400°C. When the same tests
were applied to the indented specimens, Ken values of
3.75, 2.47 and 2.42 MPa.m!“? were determined at 1200, 1300
and 1400°C, respectively. These values correspond to 79,
67 and 58% of the fracture toughness values at 1200, 1300
and 1400°C, respectively, and are in excellent agreement
with those obtained from as-machined specimens.

Indentation-induced tensile residual stresses were
found to have significant effects on crack propagation in
sintered silicon carbide at every testing temperature.
These stresses were relieved completely under 10-hour
static loading at 1300 and 1400°C. A major portion of the
indentation-induced residual stress was not relieved at
1200°C. Subcritical crack growth in the indented material

relaxes the residual stress which is acting along the




crack front during the modified static loading test.

Dynamic fatigue tests were performed at 1200, 1300
and 1400°C. Stress independent constant crack velocity
values were calculated by using the dynamic fatigue test
data at 1200 and 1300°C. These values were 6.0 x 10-*
and 2.3 x 10-® m/sec at 1200 and 1300°C, respectively.
Slow crack growth velocity measurements were done on the
indented samples at 1300 and 1400°C. Constant crack
growth velocity values of 2.0 x 10~® and 1.0 x 10-® m/sec
were measured at 1300 and 1400°C, respectively.

Modified static loading tests of 10 hours duration
of oxidized as-machined specimens were performed to
determine the threshold stress intensities of the HIPed
silicon carbide at 1200, 1300 and 1400°C. The expected,
upper and lower bound values of the K.n values, when
expressed as a fraction of the fracture toughness, were
determined, with 95% confidence, as (0.74, 0.71, 0.80),
{(0.71,0.62,0.92) and {(0.58,0.51,0.75) at 1200, 1300 and
1400°C, respectively. The corresponding expected stress
intensity values are 3.52, 2.93 and 2.51 MPa.m'’/® at these
temperatures.

Indentation-induced residual stresses were relieved
upon oxidation at elevated temperatures accompanied by
flaw healing 1n'the HIPed silicon carbide. A mi;roscopic

flaw blunting mechanism becomes active at stress
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intensities below the threshold causing strengthening of
this material. .

The experimentally obtained results of the threshold
stress intensity for crack growth for the silicon carbide
materials were best described by the slow crack growth
model developed by Chuang.®2? Activation energies of 46000
and 34000 Joules/mole were calculated for the threshold
stress intensity for crack growth for the sintered and the
HIPed silicon carbide, respectively.

Comparison of the results of this work to those
obtained in previous works*-* shows that aluminum added
sintered silicon carbide has a higher threshold stress
intensity than the boron doped sintered silicon carbide,
(3.75 vs. 1.75 MPa.m'”? at 1200°C and 2.42 vs. 1.25
MPa.m'’® at 1400°C). Stress relaxation via viscous
deformation and microscopic flaw healing and blunting
becomes more probable with decreasing grain size and

increasing internal oxygen content in oxidized silicon

carbide ceramics.
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-The tensile creep behavior of a siliconized silicon carbide was

investigated as a function of temperature and stress, using a modified
flat dogbone-shaped specimen and an electro-optical extensometer to
measure creep strain. Creep tests were conducted in air, at
temperatures of 1373 to 1473 K under stresses ranging from 103.4 to
172.3 MPa (15,000 to 25,000 psi). An extensive study using scanning
electron microscopy (SEM) and transmission electron microscopy (TEM)
was conducted on deformed specimens, to aid in the identification of
the mechanism(s) responsible for creep.

The results of this creep study revealed the existence of a
threshold stress for cavity formation. At applied stresses less than
the threshold for cavity formation, the creep behavior of the
siliconized silicon carbide was controlled by the deformation of the
silicon phase. At applied stresses greater than the threshold, cavity
formation contributed to this deformation process.

Quantitative microscopy was used to determine the threshold
stress for cavity formation to be approximately 125.4 MPa (18,200 psi)
at 1373 K. Both the areal density and area fraction of cavities
increased linearly with creep strain. This result indicated that once
a cavity nucleated, it grew very rapidly to an equilibrium size. The
maximum size of the cavities was limited to the size of the
surrounding silicon carbide grains.

TEM analysis was used to determine that dislocation processes
were aécive in the silicon phase during deformation of the siliconized

silicon carbide. The dislocation densities were relatively low and




confined to groups randomly distributed throughout the silicon phase.
There was no evidence of dislocation motion in the silicon carbide
graiﬁs.

The steady-state stress exponent for creep at 1373 K was
determined to be approximately four at applied stress levels less than
the threshold for cavity formation (103.4 to 120.6 MPa). The
corresponding activation energy for steady-state creep in the absence
of cavity formation, was determined to approximately 175 kJ/mole for
the temperature range of 1373 to 1473 K, under an applied stress of
103.4 MPa. Based upon these results, at 1373 K, the rate controlling
mechanism for steady-state creep below the threshold stress for cavity
formation, was dislocation glide in the silicon phase. Dislocation
glide was limited by the formation of double kinks which assisted
dislocations in overcoming the Pelerl’s barrier.

At stresses above the threshold for cavity formation, the steady
stress exponent increased to approximately ten at 1373 K. The
activation energy for creep in the presence of cavities increased to
approximately 315 and 380 kJ/mole for the temperature range of 1373 to
1423 K and 1423 to 1473 K, respectively, at a stress level of
172.3 MPa. The cavity formation process was responsible for the
increase in the stress exponent and activation energy for creep.

Analyses of the experimental data using the various nucleation
and growth models established that the cavity formation process was
nucleation controlled. The proposed mechanism was heterogeneous
nucleation of cavities at the silicon-silicon carbide interface. The

continuous nucleation of cavities with strain was the result of

inhomogeneous deformation and an increasing effective stress in the

iv




matrix from cavity formation. Cavity growth occurred very rapidly
under the stresses and temperatures used in this study. The proposed
mechanisa for cavicy growth was the diffusional transport of matter
avay from the crack tip and down the boundary between the silicon and
silicon carbide as described by the diffusional models of Raja7 and

52

Chuang et al. The maximum size of the cavities was not limited by

growth but by the rigidity of the silicon carbide grains.
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l| 0.1, 0.01, and 0.001 atmospheres, respectively. For green single crys-

tal SiC, the transition temperatures were 1411° c, 1345° ¢, and 1314° C

for oxidation under the oxygen partial pressures of 0.1, 0.01, and 0.001
atmospheres, regpectively. The values of the transition temperature'for -
the black single crystal silicon carbide were lower than those of the
green single crystal silicon carbide.
- In the lower temperature range, the oxidation was believed to be -.
controlled by oxygen permeation through the amorphous silica film. In
the higher temperature range, two possible oxidation rate controlling
K mechanisms were the ionic or atomic oxygen diffusion via a lattice (net-
work) exchange mechanism and the out-diffusion of an oxidation by-pro-
duct, such as carbon monoxide, away from the 510, ~ SiC interface.
I' The oxygen diffusivities during oxidation of the green material at L
two different oxygen partial pressures and two different temperatures
were derived from double oxidation experiments. These isotope diffusion
constants could not supply a high enough flux of oxygen to produce the
observed oxidation rate for the material under the experimental environ-

ments studied.
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The oxidation behavior of black and green single crystal silicon
carbide materials under different oxygen partial pressures (10-3 - 107!
atmosphere ) was studied over the temperature range 1200° C - 1500° c.

Parabolic behavior was observed for both materials in this investi-
gation. For the fast growth face (0001) of black single crystal SiC, at
the lover temperatures studied, the calculated activation energies w;re
112 KJ/mole, 94 KJ/mole, and 95.4 KJ/mole for oxidation under oxygen
partial pressures of 0.1, 0.01, and 0.001 atmospheres, respectively. At
the higher temperatures studied, the calculated activation energies were
257 KJ/mole, 285 KJ/mole, and 288 KJ/mole for oxidation under oxygen
partial pressures of 0.1, 0.01, 0.001 atmospheres, respectively. For
the fast growth face (0001) of green single crystal SiC, at the lower
temperatures, the calculated activation energies were 115 KJ/mole, 100
KJ/mole, and 127 KJ/mole for oxidation under oxygen partial pressures of
0.1, 0.01, and 0.001 atmospheres, respectively. At the higher tempera-
tures studied, the calculated activation energies were 234 KJ/mole, 265
KJ/mole, and 232 KJ/mole for oxidation under oxygen partial preésures of
0.1, 0.01, and 0.001 atmospheres, respectively.

The transition temperatures at which the oxidation rate controlling
mechanism changed increased with an increase in oxygen partial pressure.
For black single crystal SiC, the transition temperatures were 1382° c,

1301° C, and 1287° C for oxidation under the oxygen partial pressures of
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KINETICS OF OXIDATION OF S1C CRYSTALS AND
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ABSTRACT
- ‘The oxidation kinetics in dry oxygen of several single crystal and
polycrystalline silicon carbide materials and single crystal silicom over
the temperature range 1200°C-1500°C were fitted to the linear-parabolic
C model of Deal and Grove. The lower oxidation rates for silicon carbide

compared to silicon can be rationalized by additional consumption of

oxidant in oxiﬁizing carbon to carbon monoxide. The (0001) Si face of the
silicon carbide platelats exhibited lower parabolic oxidation Tates than

the (0001) C face, by a factor of ten at 1200°C. Apparent activation energies
increased from a value of approximately 120 kJ/mole below 1400°C to a value
of approximately 300 klJ/mole above this temperature with the (0001) Si face
exhibiting this high activation energy over the entire temperature range.

The CNTD material exhibited the highest oxidation rates of the poly-
crystalline materials followed by the hot pressed and sintered alpha silicon
carbides. In general, the oxidation rates of the polycrystalline materials
were bracketed by the oxidation rates of the basal planes of the single
crystal materials. Higher impurity concentrations and higher density of au-
cleacion sites led to a higher susceptibilicty to crystallization of the scale.
The crystallizacion of the oxide films retarded the oxidation rates when co-~
herent but accelerated the oxidation rate when the coherent cristobalite

spherulitic scale reacted to form mullita.

—
Now at U. S. Army Electronics Technology and Devices Lab., Fort Monmouth, NJ 07703




I. Introduction

The oxidation of silicon carbide materials has been the subject of many
investigacions over a few decades because of their use for many years in
high temperature applicacions. The excellent oxidati{on resistance which
silicon carbide exhibits is due to the formation of a coherent layer of
silicon diaxide on the surface which suppresses further oxidation. Oxidation
kinetics can generally be described using the lincar-paraboiic model of Deal
and Grovcl. This model was formulated to characterize the oxidation behavior
of single crystal silicon accounting for both linear and parabolic dependen-
cies of oxide thickness with time. The linear dependence arises from incer-
face reaction control of the oxidation in cthe early stages. Reported
activation enerzi&s in the linear growth regime correspond to the Si-Si bond
energy (7184 kJ/mole). With increasing oxide thickness, the oxidation is
controlled by diffusion of oxidant through the oxide to the growth interface.
Under these conditions, classic parabolic oxidation king:ics are observed
where the oxide thickness is proportional to the square root of time. The
reported activation energy in this regime (117 kJ/mole) agrees very well

with the energy required for molecular oxygen diffusion in fused silica as

reported by Nortonz. Other experimencal evidence has been reported in

support of this rate controlling nechanisnl-s. Both regimes exhibit a linear

dependence on oxygen partial pressure as predicted by the modal.

The oxidation behavior of silicon carbide oxidation is not as well under-
stood6-16. In most studies, only parabolic oxidation kinetics have been
reported. Activation energies range from 84 to 498 kJ/mole. The large
variatioa in reported kinetics has been attributed to the differences in the

materials used in each investigation. Powders, single crystal and poly-

crystalline materials with varying amounts and types of impurities have been




investigated. In contrast, the better characterized silicon oxidation has

been obtained with single crystal material having precisely controlled impurity
concentrations.

Very few studies of the oxidation behavior of single crystal silicon
carbide have been reported in the literature presumably due to the difficulty
in acquiring the single crystal nacefial. Barrisa reportad the oxidation of
{0001} faces of the 6H polytype silicon carbide platelets in dry oxygen at
970-1245°C. Parabolic behavior was exhibited on the (0001) face at each tem-
peratyre for thicknesses greater than 250 nm. The activation energy of 197
kJ/mole was slightly larger than the corresponding value for silicon. On the
opposing face, a greater oxidation resistance was observed. The difference
in oxidation behavior is attributed to the polar form of the tetrahedral
bonding in the 6H structure. Linear kinetics were reported for all temperatures
and times. An activation energy of 356 kJ/mole was calculated and suggested to
correspond to the chemical reaction at the SiC surface. The effect of orienta-
tion, polytype, and dopant level on the oxidation of SiC platelets was discussed
by von Minch and Pftftcndcrg. Oxide thickness values for the two {0001} faces
differed by a factor of 7-10 and intermediate values wers obsarved for (1120)
and (1I00) orientations. The 15R polytype oxidized faster than the 6H variety.
High dopant concentrations (>1018 cm's) enhanced the oxidation rates. Single
crystal oxidation carried out in wet oxygen exhibited increases of approximately
twenty compared to dry oxygen results.

The oxidation of polycrystalline SiC materials has shown a considerable
range of bohaviot7’11-16. Several investigations report extrsmely large
activation energies (>400 kJ/mole) for the oxidation process and conclude that

11-13

a mechanism other than oxygen permeation controls the oxidation In

contrast, several other investigations report lower activation energies for




results below 1400°C and suggest that oxygen permeation is ta:e-controllingll’l3-16.

.Increased activation energies above 1400°C were similar in magnitude to the
values previously reported and indicate a change in the oxidation mechanism.
A complicated oxygen partial pressure dependence for oxidation of hot pressed
silicon carbide was reported by Tripp et a1.12 varying from 0.55 at 1300°C to
nearly independent (0.03) at 1500°C. Higher oxidation rates have been measured
for materials with greater concentrations of dopant addi:ivcsls-l7. These
additives which are necessary for successful fabrication of the ceramic re-
distribute into che oxide during oxidation and lower the viscosity of the

film thereby increasing the transport of oxidane?’"20,

These factors significantly alter the oxidation kinetics resulcing in
considerable differences in reported behavior. The purpose of this paper is to
report the oxidation behavior.of several single crystal and polycrystalline
S1C materials in dry oxygen at 1200-1500°C. Oxidation kinetics of the single
crystal faces are described and extended to the polycrystalline materials to
yexplain the observed kinetics.

II. Experimental Procedure
1. Materials
The silicon carbide materials used in this study are listed in Table 1.
The single crystal materials consist of black and transparent green varieties
of the alpha or hexagonal structure type. The coloring arises from the presence

of aluminum and uicrogen impurities respectively, both in the ppm range. The

crystals are predominantly thin platelets with the major surfaces being (0001)

basal surfaces of the hexagonal structure. Boron doped single crystal silicon

having (111) orientation was also used for comparison. Polycrystalline materials
tncluded sincered alpha SiC (SASC)”, hot pressed SiC (HPSC)¥, and concrolled . %
nucleation, thermally deposited SiC (cNTD)*,

3 .
,Garborundum Company, Niagara Falls, NY
NC-203, Norton Company, Worcester, MA J
San Fernando Laboratories, Pacoima, CA -
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Sample preparation included cutting, polishing and cleaning. Sample size

was typically 1 em x 1 cm x .2 cm. The single crystal platelets were extracted
from growth clusters in wmaterial fr;m the Acheson furnace process. Poly-
crystalline materials were supplied in billet form and were cut to size using
a diamond saw. The carbon substrate of the CNTD material was removed by
pyrolysis at 600°C. Samples were polished to a 1/4um diamond finish using an
automatic polishing apparatus. An oxidation screening of the single crystal
samples was used to distinguish the (0001) face from the (0001) face using
the earlier result that the (0001) face oxidizes faster than the (0001) face.
Prior to oxidation, successive treatments of acetone, trichlorcethylene,
dilute hydrochloric acid, dilute hydrofluoric acid and deionized water were
used to thoroughly clean all the samples.

2. Oxidation Experiments and Characterization

Oxidations were performed in a horizontal mullite tube furnace
equipped with MoSi2 heating elements. A three inch hot zone (:1°C) was
present over the temperature range 1200-1500°C. A controlled atmosphere of
dry oxygen flowing at 200 ccpm was used. Temperature equilibration following
insertion of the holder typically occurred in less than two minutes.

Oxide thickness measurements were obtained using ellipsometry and pro-
filomecry. The precision of each technique was determined in this investiga-
tion to be 3 nm and 50 mm respectively. The morphologies of the oxide
films were charactarized using x-ray diffraction analysis, optical, and scanning
electron microscopy. Long term oxidation of the hot pressed and sintered slpha
materials was investigated by thermogravimetric analysis (TGA)? These oxidations
were performed at 1300 and 1400°C in reduced oxygen pressure (0.2 atm) for 24 hrs.,
Thg samples were rectangular coupons with one of the major surfaces polished to

1/4um finish for a final oxide thickness determinacion.

*ﬂ. Graham, Wright Patterson AFB, Dayton, OH




III. Results and Discussion
1. Single Crystals
The data have been analyzed using the model of Deal and Grovel.
The oxide thickness, x, {s expressed as a function of time, t, by the
equation

x> +Ax =B (t + 1) (L)

where A, B and T are experimencal constants for a given oxidation condition.

B is the parabolic rate constant and the linear rate constant is equal to

B/A. The time constant, T, is a constant that accounts for an initifally

rapid oxidation period which is not expressed by linear or parabolic

kinetics. It is usually siguificant at lower temperjtures and in this study was
found to be zero for all oxidation conditions of all materials.

The oxide thickness data for the {0001} faces of the black single crystal
material is shown in Figure l(a+b). The data exhibits parabolic behavior as
indicated by the one-half slope dependence. Linear oxidation kinetics were
not observed in any dry oxidation case. ‘

As expected, the two (0001l) faces exhibit markedly different oxidation
rates. The (000I) face having the faster growth kinetics will be referred
to as the fast growth face. Correspondingly, the (0001) face will be re-
ferred to as the slow growth face. In all the single crystal materials,
crystallizacfon of the axide films was not observed. The onset of crystalli-
zation was readily observed on polycrystalline material using the optical
microscope, by the appearance of isolated spherulitic crystallites. Extensive
crystallization of the oxide films on several polycrystalline materials was
observed and caused appreciable changes in their oxidation behavior.

Rearrangement of equation (1) into the form

x = B(t/x)-A (2)

i




allows for the extraction of the constants by simple linear regression analysi?.
The parabolic rate constants for the single crystal materials are compiled in
Table 2. Each value is accompanied by an experimencal error value assuming a
952 confidence limit. Little significance could be attached to the observed
linear rate conscants which varied erratically, at times assuming negative
values. Silicon exhibited the fastest oxidation rate at each temperature.
The observed value at 1200°C compares favorably to literature values
(750 nnz ]min)l. The fast growth face exhibits similar rates to those re-
ported by Harris (317 nn2 /min ac lZOO‘C)S. The slow growth face exhibited
parabolic behavior in contrast to the reported behavior by Harris. However,
careful examination of the Harris data indicates that the upper temperacure
data is actually in the linear-parabolic transition region. In calculating the
rate constants, Harris regarded this as linear behavior. In contrast, the
1200°C data presented here has a clearly delineated slope of one-half.
Activacion energies calculated using the Arrhenius relation are listed
in Table 2. The temperature dependencies are also plo:éed in Figure 2. 1In
this case, activation energies are determined from the slope of the line.
The energy value for silicon oxidation (120 kJ/mole) agrees quite well with
the literacure (117 xJ/mole). Similar values were calculated for the fast
growth faces over the temperature range 1200-1400°C. Above 1400°C, an
increase in the activation energy occurs for the fast growth face. The
slow growth faces exhibit a large energy value over the entire range studied.
Differences in the parabolic oxidation behavior of silicon and the fast
growth faces of silicon carbide at 1200-1400°C can be explained by the addi-

. 3,4

tional oxidant needed to oxidize the carbon in silicon carbide As

{1lustrated in Table 3, observed parabolic rate ratios for the single

crystal data agree with the predicted ratioc when carbon monoxide is formed during

_d
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silicon carb;d‘ oxidation. A smaller percentage of oxidant reaching the
growth intnrface is available to form silicon dioxide from silicon carbide,
resulting in the lower parabolic rates thac are observed.

This evidence and the similar temperature dependence strongly suggests
that the fast growth face of silicon carbide exhibits the same rate controlling
oxidation mechanism as silicon over the temperature range 1200-1400°C. It is
relatively well established that this oxidation mechanism for silicon involves
molecular oxygen permeation through the growing oxide filnl-s.

The increase in activation energy above 1400°C implies that a change in
the oxidacion mechanism takes place. Isotope labelling studies have shown
that appreciable lattice diffusion of oxygen occurs during oxidacion of silicon
and silicon carbide at 1300‘C5. The activacion energy for this process in
the thermal oxides is currently being investigated using the isotope labelling
technique. The activation energi reported for fused $ilica by Sucov is equal
to 298 kJ/moleZl. Recent studies indicate the value could be as high as 450
kJ/m01022’23. These results suggest that lattice oxygen diffusion can explain
the oxidation kinetics at temperatures above 1400°C. The similar magnitude of the

calculated energy for the slow growth faces suggests that the same mechanism

applies over the entire temperature range. It is not clear at this time why

the oxidation of the slow growth face should be controlled by lactice

diffusion instead of oxygen permeation at the lower temperatures. Several

investigations have also suggested that the desorption of carbon monoxide __jﬂ
could control the oxidation rate and exhibit a large activacion energy7’ll-13.
2.‘ Polycrystalline Materials . {
The oxidation behavior of the polycrystalline materials {s complicaced _ e
by the bigher‘lcvels of dopant impurities which causes higher oxidacion rates.
In addition, the polycrystalline materials exhibited a greater propensity for
- 9




crystallization of the oxidc~f11m. Roughening of the oxide surface and the -
oxide SiC interface made thickness determinations difficult. At longer times
and higher temperatures, a thickness range is presented because of the un-
certainties caused by this difficulty.
The oxide thickness data for the three poljcrys:alline materials are shown
in Figures 3-5. The CNTD material exhibited similar behavior to that of cthe
fast face singla crystal SiC wich parabollc ;chaviot for up to ten hours. .
The sintered alpha also exhibited this behavior at lower temperatures. However,
at longer times and/or higher temperatures, a decrease in rate from the early
parabolic behavior was observed. This effect results from the increased
crystallization of the oxide f{lm. Transport through the crystalline oxide
is much slower than through the amorphous oxide. X-ray diffraction analyses

of the more heavily crystallized films indicated the presence of cristobalite.

A wuch more ‘conplicaced oxidacion behavior is found for the hot pressed
silicon carbide. Whereas at 1200°C parabolic behavior is exhibited out to
ten hours, at higher temperatures both increasing and decreasing trends in
behavior are observed. Cristobalite and mullite have been identified in the
oxide filuslo-lz. Morphological details of the crystallization of the oxide
films provide insight into the complicated growth behavior observed. Shown
in Figures 6 and 7 are SEM micrographs of che different crystal morphologies
for the sintered and hot pressed materials respectively. A coherent layer of
crisctobalite in the form of spherulites {s found on the surface of the
sintered alpha SiC. This formation significantly reduces the transport of
oxidant leading to decreasing kinetics. The morphology of the crystallites on
the hot pressed material is quice different with small crystallite particles

presumed to be mullite imbedded in a glassy matrix. During the early stages

of crystallization, spherulitic growth features were observed and idencified
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as crisctobalite. These features apparently break up into the finer crystallizes
during continued oxidacion and segregation of A13+ inco the oxide. In terms

of the oxidation behavior exhibited, che decreasing crend is

presumably caused by the spherulitic crystals forming in much the same manner

as described for the sintered material. The break-up of these features into

the finer crystallites apparently allows for increased transport through the
oxide film. The reasons for and the details of chis nicroc:t?crural change

are a topic for further research. However, similar microstructural features

24

were reported by MacDowell and Beall™ in an investigation of the liquid-liquid

immiscibility in the A1203-3102 system and subsequent crystallization of the
phases present (which were mullite and cristobalite).
Parabolic rate constants for the oxidation of the polycrystalline materials

are given in Table 4. In several instances a rate constant is not reported
because the oxidation deviated from parabolic behavior. The CNTD material
exhibited the highest oxidation rates even though it contained significantly
lower levels of cation impurities. However, free silicon was identified iIn
the starting material by X-ray diffraction. The higher oxidation rates for
the hot pressed material compared to the sintered SiC agree with previously
reported observationsll. Higher levels of cations in the hot pressed material
effaccively lower the viscosity of tha oxide film increasing the transport of
the oxidant.

The temperature dependence of the parabolic rate constants for the
materials i{s shown in Figure 6 and calculated activation energies are listed
in Table 4. Strong similaricies of the CNTD oxidation behavior to that of the
fast face single crystals suggest that similar oxidation mechanisms are
operative. Slightly larger activation energies were calculated for the hot pressed
and sintered materials. These values are complicated by the differing tempera-

ture dependencies exhibited on 2ach crystallite face exposed to the oxidanc.




The individual grains oxidize at different rates depending on their orientation,
a fact that {s easily observed with the optical microscope using thickness in-
terference colors. Comparing the oxidation behavior of the single crystal

faces and the sintered alpha material as in Figure 9, one can ses that the poly-
cryl:allin..dnta falls betveen the data corresponding to the fast and slow
growth faces of the single crystal materials. The observed temperature de-
pendence of the polycrystalline materials should reflect the trends of the

individual growth faces.
The long term oxidation behavior of the sintered alpha and hot pressed

materials at 1300 and 1400°C was obtained by thermogravimetric analysis. 1p
both cases, parabolic oxidation kinetics were exhibited after roughly four
§ours. The hot pressed material exhibited a higher oxidation susceptibility
as found in the short term case. Direct comparison of the rate constants at
short and long times was made by converting the weight gain data to thickness
data assuming a density of 2.20 gms/cc. For the sintered alpha material, a
lower oxidation rate was observed for the long term runs. The hot pressed
material exhibited a significantly greater rate for long term oxidation than
was observed at short times. As described earlier the different oxidation
rates observed are related to the morphology of the crystallized oxide films.
Oxide thickness determinations on the TGA samples gave results which fell,
within experimental error, into the thickness range predicted by extrapolation
~ of the short term data out to 24 hours.
IV. Summary and Conclusions

It has been shown that the basal plane of SiC which exhibits a fast oxidation
rate behaves similarly to single crystal silicon in the temperature range 1200-

1400°C. The lower oxidation rate of silicoa carbide can be explained by the
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connunp;ion of axidant to oxidize the carbom in the silicon carbide. In light

of the low activacion energies (120 kJ/mole), it is suggested that the oxida-

tion mechanism {s controlled by permeacion of molecular oxygen through the

groving oxide film. 'At temperatures greater than 1400°C, the significantly increased
activacion energy landicatas s change in oxidation mechanism. Lacttice diffusion

of oxygen 1s suggested as the rate controlling mechanism in light of the

relative agreement of activation energies and the isotope labelling experiments

wvhich bave verified the appreciable transport of oxidaat by this mechanism at
temperatures above 1300°C. The slow growth face exhibited lower oxidation rates

and a high activation energy over the entire temparature range which may indicate that
lattice oxygen diffusion is the ratc.concrolling process over the entire tem-
perature range for this crystal face. Additional isotope labelling studies are

neca3dsary to elucidate the rate controlling processes.

The oxidation bah;viofs of the polycrystalline materials are similar to
the single cryscal behavior but are significantly altered by several factors.
The oxidation rates of sintered alpha SiC are bracketed by the two extremes
of single crystal oxidation behavior corresponding to the fast and slow
growth faces, presumably because of the random orientation of the iadividual
grains. The observed activation energies for the polycrystalline materials
are generally intermediate to those observed for the various single crystal
faces. The presence of higher concentrations of impurities altered the
oxidation behavior by forming low viscosity oxides which increase the oxidant
flux to the growth interface. A much higher susceptibility to crystalliza-

tion was exhibited by the polycrystalline materials due to this reduced vis-

cosity and the numerous nucleation sites such as multi-grain junctions. The
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decreasing trend in the oxidation rate with time of sintered silicon carbide
at higher temperatures results from the formation of a coherent layer of
cristobalite, which presumably reduces the transport of oxidant through the
growing oxide. For the hot pressed material, the subsequent disruption of
the coherent cristobalite layer and the formation of fine scale crystals,
presumably mullite, produced an increase in the oxidation rate. These trends
in oxidation behavior for the polycrystalline material are accentuated in
the long term experiments as determined by chcrnogtavinc:ric.aualyses. The
sincered material exhibited a reduced parabolic growth rate after 24 hours

while the hot pressed material showed an increased parabolic growth rate.
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Isotope Labeling Studies of the Oxidation of Silicon at 1000° and
1300°C

J. A. Costello*"' and R. E. Tressier
Department of Materials Science and Engineering, The Pe;l;b?lvania State University, University Park, Pennsylvania
1

ABSTRACT

Oxygen-18 profiles in thermal oxides grown on silicon at 1000° and 1300°C in sequential oxidation steps in the para-
bolic oxidation regime indicate a change in the dominant oxygen transport process. At 1000°C, oxygen-18 pile-up at the
surface and at the oxide/silicon interface is consistent with a large flux of oxygen via molecular oxygen permeation and
very slow diffusion of lattice oxygen ions (D, = ~4 x 10-'* ¢m?¥s). At 1300°C, the oxygen-18 concentration is uniformly

high across the oxide, which suggests a much

er lattice oxygen diffusivity and a total flux due to lattice oxygen dif-

fusion which contributes significantly to the supply of oxygen to the growth interface.

Owing to its importance in the semiconductor industry,
the oxidation of silicon has been extensively studied. It is
generally accepted that the oxidation process in the para-
bolic growth regime is controlled by the permeation of
oxygen molecules through the oxide film (1-3). Indirect
evidence supporting this conclusion includes platinum
marker experiments (4), the linear oxygen partial pres-
sure dependence of the parabolic oxidation rate (1), and
the correspondence with oxygen permeation studies of
fused silica (5). The most direct evidence comes from iso-
tope labeling studies. The technique involves the sequen-
tial oxidation of the silicon in oxygen-16- and oxygen-18-
rich environments. Following the oxidation treatments,
an appropriate measurement technique which can dis-
criminate between the two oxygen isotopes is used to
profile each across the oxide film. The most common in-
clude nuclear reaction resonance and secondary ion mass
spectrometry (SIMS). The location of each isotope in the
oxide profiles provides information about the migrating
specieg which control the oxidation reaction.

The nuclear reaction resonance technique was used by
Rosencher et al. (8) to investigate silicon oxidation in dry
oxygen at 930°C. The oxygen isotope profiles resulting
from the double oxidation sequence revealed that the ma-
jority of oxygen-18 isotope accumulates near the oxide-
silicon interface. This result and the correspondingly low
oxygen-18 concentration in the bulk oxide indicated that
the permeation of the oxidant to the interface is responsi-
ble for the parabolic oxidation of silicon, as proposed by
Dea! and Grove (1). A thin oxygen-18-rich layer (7-124)
was observed near the oxide surface, which was ex-
plained as isotope exchange between the oxidant and the
lattice bound oxygen at the oxide surface. It has been re-
ported that the exchange mechanism is enhanced by
trace amounts of water in the oxidation environment (7).
Rosencher et al. assumed that the water content in their
system was in the ppm range in light of the shallowness
of the exchanged layer.

A superior detection sensitivity is obtained using the
SIMS technique. The analysis provides a direct measure
of the isotope concentration profile and elirninates the la-
borious deconvolution procedures required by the nu-
clear reaction resonance technique. However, profile
broadening due to ion beam mixing must be accounted
for when considering the measured proflle. Cristi and
Condon (8) reported ion microprobe mass analyzer results
for silicon doubly oxidized at 700°C. Similar to Rosencher
et al., an interstitial diffusion (permeation) of oxygen mol-
ecules was suggested as the mechanism controlling oxi-
dation. Isotope exchange with the lattice oxygen was ob-
served at the oxide surface, and a diffusion coefficient
corresponding to oxygen diffusion via the oxygen sublat-
tice was caiculated to be ~ 10-'" em¥s at 700°C. It was

*Zlectrochemical Society ..ctive Member.
SPresent address: U.S. Army Electronics Technology and De-
vices Laboratory, Fort Monmouth, New Jersey 07703.

calculated that a diffusion coefficient of this low magni-
tude was insufficient to support the observed oxidation
rate. Recent work by Rouse et al. (9) demonstrates the
sensitivity of the SIMS technique when applied to the
double oxidation experiment. Using a purified oxygen
gas having a reduced oxygen-18 background, a slightly
decreasing isotope profile was measured through the
bulk oxide in addition to the isotope build up in the new
oxide and at the oxide surface as previously described.
The profile indicated that permeation mechanisms con-
trol the oxidation and that exchange of the diffusing
oxidant occurs throughout the oxide. The exchange rate
is much higher at the oxide surface. Special treatment of
the gases minimized the water content in the system, sug-
gesting that these artifacts were not water related.

In the present study, double oxidation of silicon was in-
vestigated at 1000° and 1300°C. Differences in the isotope
proflles obtained by SIMS are discussed in terms of the
competing transport processes.

Experimental Procedure

Boron-doped silicon (100) having a 3-5 f}-cm resistivity
was used in this investigation. Samples were prepared
from a full wafer by dicing into 1/4 x 1/4 in. squares, the
sample size required by the SIMS holder. The first oxida-
tion was performed in dry oxygen at 1000°C for 2h. The
oxide thickness as measured by ellipsometry was 103 nm,
The background oxygen-18 concentration in the gas was
0.2%. The second oxidation was performed in an isotope
exchange furnace where following the evacuation of the
oxidation chamber, an oxygen-18 enriched gas is intro-
duced (10).! The percentage of oxygen-18 in the gas was
adjusted to approximately 40% each time. In the enriched
gas, samples were oxidized at 1000° and 1300°C for 10 and
35 min, respectively.

Isotope profiling of the samples was accomplished
using the SIMS mode of the Gatan scanning ion micro-
probe.? The ion beam consisted of positive argon ions ac-
celerated to 7 keV and focused to a diameter of approxi-
mately 100 um. Adjustable beam rastering and signal
gating were set for optimum depth resolution. A focused
electron gun provided charge neutralization of the sput-
tering surface during profiling. Three mass settings were
continuously monitored during profiling, including
oxygen-16, oxygen-18, and silicon-30.

Results and Discussion
The SIMS profile shown in Fig. 1 corresponds to the
silicon sample oxidized in the oxygen-18 enriched gas at
1000°C for 10 min. The silicon-30 mass is monitored to in-
dicate that proper charge neutralization is provided with
the electron gun. This process is characterized by a uni-
form silicon signal across the oxide, as shown in Fig. 1.

1J. Cauley, Case Western Reserve University, 1982.
Gatan, Incorporated, Pittsburgh, Pennsylvania.
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Signal instability at the oxide surface was typically less
than 30s in duration. The changing oxygen signals, how-
ever, correspond to actual concentration variations of
each isotope across the oxide film. Upon reaching the ox-
ide silicon interface, a sharp drop in signal of up to 3 or-
ders of magnitude occurs in each case. In the silicon, the
oxygen counts approach system background levels. The
relatively high background signal for oxygen-186 in the sil-
icon is caused by electron stimulated desorption (ESD)
from the electron beam interacting with the sample sur-
face. This signal does not significantly contribute to the
overall oxygen-18 signal when profiling through the
oxide.

400
SPUTTERING TIME (SECONDS)

The isotope profiles can be better analyzed by con-
verting the data into the oxygen-18 fraction as a function
of depth. The oxygen-18 fraction is obtained by dividing
the oxygen-18 signal by the sum of the two oxygen sig-
nals. An experimentally measured sputtering rate of 17
nm/min in the oxide was used to convert to units of
depth. Figures 2 and 3 are profiles for samples oxidized
10 and 35 min, respectively, at 1000°C in the oxygen-18-
rich environment. As found by other investigations, the
isotope is concentrated at the oxide-silicon interface as
well as at the surface. The maximum isetope concentra-
tion corresponds to the amount of oxygen-18 enrichment
of the oxidizing gas (~ 40%). The minimum concentration

la a ™ T T Ll T T ™ L 4 Y
L 4
~ o N
v
» o -
c v
3 . *
- - 1
o * *
e 0o,
© 19! -i
~ o + - +*
e I . '
— L ¢ 4
@ * te + . .
® . Fig. 2. Oxygen-18 profile tor 10
+n ! . § min reoxidotion sample ot 1000°C.
o + + *e
m *
+ 192 . B
+ - *e -
(Do - -4
-— *
- - . - 3 E
N ' %
+ ‘e * . * 3
o * .0 o
® g s z 4
- Y
-3
l e y - ry A 'S l A, 1 odn A
@ [] 200

100
THICKNESS (nm)




19486 J. Electrochem. Soc.: SOLID-STATE SCIENCE AND TECHNOLOGY August 1984
laa i T T Y =T T T T T 4 ]
0 - 4
-
3 +
. L”‘* ,’ . -
+
~ la-l L 00 - + -_'
(o] * + . + ¥
=T . . X :
g 3 + + . . * -
+
Fig. 3. Oxygen-18 profile for 35 te . *
minreoxidation sompleat 1000°C. .~ - + + 4
o * .
— -1 * +* _J
+ 19 + ¢
o - o 1
w B 4
- L W j
\ el
X 3
@ " & T
- ¥
_3 N L D, -l ‘ i F A 1
1205 760 700

which is found in the balk oxide (Fig. 2) is equal to the
background concentration of oxygen-18 in the original
oxidizing gas (0.2%).

The observed profiles are explained in terms of the
transport mechanisms present, as well as by the exchange
of the oxidant with the lattice oxygen. The accumulation
of oxygen-18 isotope near the oxide-silicon interface re-
sults from the permeation of oxygen molecules through
the oxide and formation of new oxide at the oxide/silicon
interface. The decreasing profile near the oxide surface
into the hulk oxide is explained by the diffusion of the
oxygen isotope through the oxygen sublattice following
exchange at the oxide surface. A diffusion coefficient for
the isotope of 4 x 10-'* cm¥s was calculated from the ini-
tial profile using the complementary error function. This

THICKNESS (nm)

value is in good agreement with literature values for oxy-
gen diffusion in fused silica (11, 12). As indicated in previ-
ous investigations, a diffusion coefficient of this magni-
tude could not by itself provide sufficient flux of oxygen
to cause the observed oxidation rate. In addition to the
isotope diffusion into the bulk from the oxide surface, the
isotope can diffuse into the bulk from the newly formed
oxide. This is apparent from the sloped isotope profiles
near the original oxide-silicon interface.

The isotope profiles for samples oxidized at 1300°C
were quite different. As shown in Fig. 4 for the 10 min ox-
idation, the oxygen-18 isotope profiles were uniform
across the oxide. This result implies that lattice diffusion
of oxygen is significant at this temperature and contrib-
utes to the supply of oxidant to the growth interface; a
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calculated profile using oxygen diffusivity values in
fused silica from the literature approximates the observed
flat profile. The single activation energy reported for the
parabolic oxidation of silicon (27 kcal/mol) holds up to
near the melting point, however, and is much lower than
the value reported for lattice diffusion (70 kcal/mol) by
Sucov (11). This would imply that the oxidant supply at
1300°C is dominated by the permeation mechanism. The
activation energy value reported by Sucov has been ques-
tioned by other investigators (12, 13), who suggest that the
lattice diffusion of oxygen is characterized by a much
lower activation energy. The temperature dependence of
the lattice diffusion mechanism is currently being investi-
gated by the authors using the present technique. It is in-
teresting to note that other silicon-base materials such as
SiC, TiSi,, and MoSi, exhibit an increase in the activation
energy for the parabolic oxidation at temperatures above
1400°C (14, 15). This change in activation energy may cor-
respond to control of oxidation by the lattice diffusion
mechanism.

This discussion has not addressed the possibility that
the oxygen-18 profiles are the result of an exchange reac-
tion between the permeating isotope species and point
defects (presumably oxygen vacancies) in the oxide. The
isotope profile would then be flatter at 1300° than at
1000°C if the vacancies were created at the gas/SiO; inter-
face and diffused much more rapidly at 1300° than at
1000°C. Future experiments will discriminate between
these two possibilities.

Summary

Silicon oxidation in the parabolic growth regime at
1000 and 1300°C was investigated using isotope labeling
experiments with SIMS for profiling. At the lower tem-
perature, the measured profiles indicate that the oxida-
tion process is controlled by the permeation of oxygen
molecules through the oxide film to the oxide-silicon
growth interface. Isotope exchange and subsequent diffu-
sion via the oxygen sublattice apparently occurs near the
oxide surface. A calculated value for the lattice diffusivity
of oxygen is significantly below the value necessary to
sustain the observed oxidation rate; this corroborates the
domination of the oxidation process by permeation. At
the higher temperature, the lattice diffusion of oxygen is
significantly increased, which may lead to domination of

OXIDATION OF SILICON
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the oxidation rate by lattice diffusion at higher tempera-
tures. An alternative interpretation of the observed
oxygen-18 profiles may be that the exchange reaction be-
tween permeating O; and vacant lattice sites causes the
observed profiles if the vacancies are created at the
gas/SiO, interface and diffuse much faster at 1300° than at

1000°C.
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Oxygen Penetration Into Silicon Carbide
Ceramics During Oxidation
J.A. COSTELLO"* and R.E. TRESSLER

Department of Materials Science and Engineering, The Pennsylvania State University,
University Park, PA USA 16802

purities, complex microchemical changes occur in the grow-
ing film and in the substrate ceramic. For example, boron
segregates into the oxide scale and is depleted in the
substrate ceramic !. Aluminum has been found to concen-
trate in the oxide to form mullite during high temperature ox-
idation- *. In a separate paper we have reported the effects
of various impurities on the kinetics of the early stages of ox-
idation of single crystals of silicon carbide and polycrystatiine
materials *.

The presence of an oxide phase at the grain boundaries
in hot-pressed sificon carbide has been shawn to result in
slow crack growth by viscous separation of the grain
boundaries *’. Although sintered silicon carbides with
nonoxide sintering additives are quite resistant to siow crack
growth before oxidation and/or during tests in a nonoxidizing
environment® ?, they become susceptible to crack growth
analogous 10 the hot pressed materials upon oxidation* 1,
This effect has been attributed in a preliminary way to
preterentially oxidized grain boundaries as determined by
neutron activation analysis of unoxidized, oxidized, and ox-
idized and etched sampies'' and by secondary ion mass
spectrometry (SIMS) '2.

In this paper more extensive studies of oxygen penetra-
tion into silicon carbide ceramics with various additives and
with and without some porosity are reported. A process by
which the oxygen penetrates into the substrate during oxida-
tion is described.

* Now at U.S. Army Eiectronics Technology and Devices Lab., Fort Mon-
mouth, 07703,

* Co., Niagara Falls, New York.

°* NC203, Norton Company, Worcester, Massachusetts.
5 Cafitornia.

2 - EXPERIMENTAL DETAILS
2.1 - Materials

Single crystal silicon carbide (SCSC) extracted from

Acheson furnace crystal ciusters was used as a standard for
oxide/silicon carbide interface sharpness because the basal
planes of these thin platelet shaped, hexagonal crystals ox-
idize uniformly with a very sharp interface between the grow-
ing oxide and the silicon carbide crystal.
- The alline materials investigated include
sintered aipha silicon carbide® (SASC), hot pressed silicon
carbide* * (HPSC), controlied nucieation thermally deposited
silicon carbide (CNTD)**°. tal sintered aipha
silicon carbides (ESASC) with aluminum carbide as the
sintering aid were aiso studied. in Table | the materials are
listed with some of their characteristics.

TABLE | - Description of the polycrystailine materiais.

Material Domnf Grain size Major Oxygen
g/em am impurity content

SASC %(1“6) 57 5% 8 014 wtth

HPSC 3.23 ~1-10 23 wi% Al .85 wi% OV

(bimodal)

CNTD — 0.01-0.1 H, Cl, Si -

ESASC A

g! 323 - 1 wt% -

@ 2.89 ~ 1WA —

* Theoretical density of SIC =3.21 giem”.

These materials were selected to represent a fully dense
polycrystalline ceramic with an oxide grain boundary phase
containing aluminum (HPSC), a fully dense material with a
non-oxide additive containing aluminum (ESASC-1), ~90%
dense material with nonoxide aluminum containing additive
(ESASC-2), a nearly dense material with nonoxide, boron-
containing additive (SASC), and a fully dense polycrystalline
material with no deliberately added cation impurities (CNTD).

2.2 - Oxidation

All oxidation runs were performed in a horizontal mullite
tube furnace using MoSi; heating elements. A 7.5 cm hot
zone with + 1°C was maintained over the temperature range
of 1200°C to 1400°C. A dry O, atmosphere flowing at 200
cc/min was used for the dry oxidation experiments.

The samples were prepared for oxidation by diamond
sawing to approximately 0.5 cm by 0.5 cm x 0.13 cm dimen-
sions. The CNTD material was removed from the carbon
mandrel by oxidation in air at 800°C. The materials were
polished to a mirror finish with 1/4 xm diamond in the final
stage. The samples were carefully cleaned in acetone, Df
water, dilute hydrochioric acid and trichloroethylene.
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2.3 - SIMS analysis

The Gatan Scanning lon Microprobe * was used to per-
form elemental depth profiles through the oxide and into the
silicon carbide substrate. Argon ions accelerated to 7KeV
were used as the primary ion source. A quadrupole mass
analyzer was used in conjunction with a microcomputer to
multaneously record up to nine separate mass settings.
The focussed ion beam was typically of the order of 100 xm
n diameter. A Faraday cup was used to measure the primary
beam current which was typically ~0.26 xA. Both the static
beam and rastered beam with electronic gating modes of
analysis were used. For the depth profiling necessary for this
study oxidized samples were angle lapped at a shallow angle
from the original surface and the static beam was stepped
aiong the surface in controlled increments as shown
ly in Figure 1. Optical microscopy was used
following the SIMS analysis to accurately determine the
depth corresponding to each sputtered crater. With this
technique, depths of up to 50 gm into the specimen could be
analyzed. In some instances, a 3° angle lap was used ta in-
crease the depth of analysis. Charge neutralization of the
surface was accomplished with an electron gun which couid
be focussed over the sputtered area. The true signal was ob-
tained from the total signal by subtracting out the electron
stimulated desorption contribution caused by the electron
beam.

=1 -2

§

2.4 - Transmission electron microscopy

Transmission electron microscopy (TEM) analyses of
unoxidized and oxidized materials were performed to deter-
mine the microstructural changes in the substrate caused by
the oxidation. Oxidized specimens, following SiMS analysis,
were prepared for TEM analysis as iflustrated in Figure 1.
The samples were ground from the backside to ~200 um.
They were sectioned into 16 pieces using a precision dia-
mond saw, and then ground to ~ 30 xm thickness. They were
then ion milled to electron transparency.

Selected samples were analyzed at Oak Ridge National
Laboratory * * using TEM's equipped with electron energy
loss spectrometry (EELS) energy and X-ray energy disper-
sive spectroscopy (XEDS) instruments for comprehensive
microchemical analyses. A conventional Philips EM 300 was
used for extensive microstructural evaluation.

FIGURE 1 - Schematic of an angle lapped specimen for SIMS
subsequently,

analysis, and, , for TEM specimens as ruled.

3 - RESULTS

3.1 - Oxygen protiles (SIMS analyses)

The polycrystailine materials were analyzed following ox-
idation treatments of 1, 10, and 100 hours at 1200°C,
1300°C and 1400°C. The details of scale formation for these
conditions are described in a separate paper*. In Figure 2,
the SIMS profiles are presented for the CNTD silicon carbide
for the conditions listed above. The oxygen profiles are nor-
malized by plotting the '“O to *Si ratio. The use of the static
beam with ~ 100 um diameter results in a 1.75 um depth in-
crement contributing to the signal at each beam position on
the 1° angle lapped specimen. As a result, the very sharp in-
tertace of the oxidized CNTD appears to be a few microns in
width. Note that the time and temperature of oxidation do not
affect the observed axygen profiles.

The corresponding oxygen profiles for SASC are
presented in Figure 3. The profiles indicate oxygen penetra-
tion to ~ 15 um before reaching the background signal. The
profiles are not significantly affected by the time and
temperature of oxidation in this range of conditions.

In Figure 4, the SIMS profiles for hot pressed silicon car-
bide are presented for the same conditions as reported for
the other materials. The significantly higher oxygen content
of the hot pressed material is reflected in the much higher
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FIGURE 2 - Oxygen profiles into CNTD silicon carbide oxidized at (a) 1200°C, (b) 1300°C, and (c) 1400°C for 1, 10, and 100 hours.
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* Gatan inc., Pittsburgh, PA.

** J. Bentley, Osk Ridge Nationai Laboratory, Osk Ridge. Tennesses.
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"of s " D e ] "Fe ' R
L o ] L8 T lemm In Figure 5, the resulting '*0 and
s 10 profiles are compared for the two
iR 4 r }- 1 materials. From these profiles one can
] . § . | clearly separate the oxygen incor-
Ao et L et % Ll 1 porated during processing from the
o F . . o F 4 oxygen introduced by the oxidation
gt o : s} . . { treatment. For the sintered material
« € we see a similar profile for both '*O
< | 4 . t . 4 and 'O except for a much lower
§ L background '*O signal in the unaf-
Ser . St Y » a3 fected region of the substrate. In the
e | 4 v ¢ as #, » {  hot-pressed material the interface as
i L . 4 indicated by the '*O is very sharp in-
dicating that there is no oxidation af-
L o o o8 oa 06 - ® 0 s o a3 fected region of the substrate material
m“_LT" wcon.ilnwl P e ;-—u mu.g-wl " N as there is for the SASC.
orpTH () e CEPTH ( wm) b To attempt to assess the role of po-

Oxygen isotope prof! rosity in controlling the penetration of
mmm . carbide les Into (8) hot pressed silicon carbide, and (b) sintered oxy‘;yen into the substrate, the two
shicon oxidized st 1300°C for 1 and 10 hours. types of silicon carbide with aluminum

background counts compared 1o the other materiais. Again, carbide sintering aid, being 100% dense and ~ 90% dense,
the time and temperature of oxidation has no significant ef- were oxidized and analyzed with the SIMS. In Figure 8, the
fect on the observed profiles. Becauss of the high results are presented for oxidations for 1 and 10 hours at
background oxygen concentration, one cannot determine 1300°C. There is a rather sharp intertace for the fully dense
whether there is broad region of penetration as there is in the material, and a somewhat broader oxygen aftected region for
sinterad material. To clarify the breadth of the oxygen af- the less dense material. However, the high oxygen content of

fected zones in the hot-pressed and sintered materials, ox- the material tends to obscure the fuil penetration profile. As
idations were performed at 1300°C for one and ten hours in in the other cases, the time of oxidation has little or no effect
an environment enriched in '*O (Ref. 13). on the profile. J
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3.2 - Effect of stress on oxygen penetration

Since the ultimate concern with the oxidation behavior of
silicon carbide is the long term reliability under stress, the etf-
fect of stress on the penetration of oxygen into the sintered
silicon carbide was briefly studied. in Figure 7 the results of

FIGURE 7 - The effect of siress on the
oxygen profiles into sintered alphs
silicon carbide oxidized at 1200°C for 10
(maximum tensile

1RE

[

FIGURE 8 - (a) Transmission electron micrograph of sintered
sipha silicon carbide (unoxidized), (b) XEDS analysis of sres in-
dlcato& )by the arrow, and (c) EELS spectra of silicon carbide

an experiment in which the material was statically loaded in a
four-point bend test 10 80% of the average short term frac-
ture stress at 1200°C for 10 hrs are presented. Angle lapped
specimens from both surfaces in the constant stress region
were analyzed in addition to a specimen from the unstressed
region. In both stressed specimens increased penstration
was observed with occasional spikes in the count rate as the
beam was stepped atong the surface compared to the profile
from the unstressed region. These features are attributed to
microcracks or fissures which opened up normal to the ten-
sile component of the stress on both surfaces (see Discus-
sion below).

Samples similarly stressed for 100 hrs showed penetra-
tion praofiles similar to those observed for the 10 hr
specimens.

3.3 - TEM analyses

The TEM analyses of the hot-pressed materials before
and after oxidation showed the presence of cemented car-
bide particles in the SiC matrix. No differences in the
microstructures in the oxidized (near the oxide/SiC-interface)
and unoxidized material were observed.

In Figure 8, a TEM micrograph of unoxidized sintered
silicon carbide illustrates typical features of this material.
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FIGURE 9 - Transmission slectron micrographs of (a) sintered
sipha sificon carbide oxidized at 1200°C for 10 hours showing
oxidized pores snd unaffected two-grain junctions, and (b)
magnified view of pore region.

Several pores are apparent, and measurable concentrations
of impurities are segregated around these pores. An XEDS
spectrum of the area marked by the arrow indicates the
presence of Ti, Fe, V, Cr and Ni. The EELS spectrum from a
neighboring grain (A) indicates that these impurities are not
dissolved into the individual grains. The two grain junctions
who.rr: very sharp indicating the absence of a second phase
t R
The oxidized material exhibited some differences from
the unoxidized material. The two grain junctions in the ox-
ygen penetrated region were not altered by oxidation but the
three grain pipes and muftigrain junctions contain a second
phase. In Figure 9, an example of these features is
presented showing the presence of amorphous material ex-
tending into the pore. The EELS spectrum from this material
shows basically Si and O (Figure 10) and the microdiffraction
pattern from the same region indicates that the material is
amorphous. Features similar to these wera plentiful in the
TEM foils from the angle lapped specimen in the oxygen at-
fected region confirming that the oxygen profiles result from
preferential exidation of three grain pipes and multigrain
junctions which contain the impurities in the starting
material. The two grain boundaries are largely unaffected in
this region.
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FIGURE 11 - (a) EELS spectra of center region of pore in Figure
9, and (b) Microditfraction pattern of this region analyzed in-
dicating the amorphous character.

FIGURE 11 - Scanning electron micrograph of oxide surface on
sintered alpha silicon carbide (SASC) oxidized at 1300°C for two
hours in dry oxygen.
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4 - DISCUSSION

Several contributing processes to the oxidation of the
substrate silicon carbide ceramic in advance of the general
oxidation interface must be considered. The localized
presence of viscosity-reducing impurities when incorporated
into the amorphous silica scale may be responsible for the
preferential penetration of oxygen along impurity laden
boundaries in the sintered silicon carbide. In Figure 11, the
regions of thicker oxide around pores in SASC demonstrate
that the scale formation is indeed faster in these regions. in
this material, the gaseous reaction products which form dur-
ing oxidation tend to cause bubbles to form at these
multigrain junctions presumably because the silica viscosity
is lowsst at these impure locations *. However, the presence
of these impurities alone cannot cause the very large
penetration (relative to the oxide thicknesses) because the
hot-pressed materials would behave similarly since the
sintering aids are segregated in the grain boundary phase.

Internal oxidation in a manner similar to the preferential
oxidation internally of alloying elements in metals with much
greater affinities for oxygen than the matrix metal has been

ed as a possible mechanism. However, in the pre-
sent study the fully dense aluminum-containing (nonoxide)
additive did not show the penetration behavior while the less
dense material did show a region of oxygen penetration.

The materials which exhibited the oxygen penetration
zone all contain porosity, some of which is interconnected.
Therefore, we propose that the oxygen penetration process
involves rapid transport along interconnected three grain
pipes which are laden with impurities. Rapid oxygen
transport along pore channels via ithe gas phase would per-
mit oxidation of internal SiC surfaces until the pores become
filied with the oxidation product. Gaseous reaction product
generation could actualily cause sufficient internal pressure
to clear low viscosity liquid silicate reaction products from
channels near the surface, thus creating the craters
observed around pores which are open to the surface.

The absence of a time and temperature dependence {0
the process is compatible with a rapid gas phase diffusion
process which becomes limited in depth by closure of chan-
nels with reaction products. Also, the enhanced penetration
under stress may be due to the opening of channeils (cracks
and fissures) aliowing deeper penetration and perhaps more
channels for penetration. Those meterials exhibiting essen-
tially zero porosity were not susceptible to penetration as we
would expect if the pore channels are responsible. The role
of free carbon and the chemical nature of the carbon reac-
tion product(s) are unclear at this point and are the topic of
current research.

This internal oxidation process is similar to that observed
by many investigators for reaction sintered silicon nitride but
at much higher densities than typically encountered with
reaction sintered silicon nitride. Thus, as explained by
Grathwoh! and Thimmier !4, as the pore channeis become
smalier in dimension and volume fraction the penetration is
less extensive, and as a result, the creep resistance of the
small grain size, high density reaction sintered silicon nitride
is much better than the more porous material or material with
larger pore channeis.

5 - CONCLUSIONS

1. Fully dense chemical vapor deposited (CNTD) and hot
pressed silicon carbide materials exhibited sharp ox-
ide/silicon carbide interfaces after oxidation for 1-100 hrs at
1200-1400°C.

2. Less dense sintered alpha silicon carbide with boron
and carbon sintering aids (~97% of theoretical density) and
with aluminum carbide sintering aid (~90% of theoretical
density) contained an oxygen penetrated zone of ~ 10-15 um
under the oxide scale. The depth of the oxygen penetrated
zone was not significantly affected by the time and
temperature of oxidation.

3. itis proposed that the oxygen penetration process in-
voives gas phase transport of oxygen along impurity laden
three and four grain channels and oxidation of the impurities
and internal SiC surfaces. The internal oxidation causes
closure of the pore channels thus limiting further penetration
10 a process of solid state diffusion, the same process which
limits the rate of oxide scale growth.
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" The determination of the threshold stress intensity
factor for crack growth in silicon carbide ceramics using an
interrupced static fatigue test is descridbed. Oxidation of
the sintered silicon carbide veduces K_, by the creatioa *
of oxidized grain boundaries which chadges the mechanisam of
erack growth, At K-values below the threshold, cracks are
Rlunted by locsal plastic relaxatioa in the ceramic. In
siliconized silicon carbide the plastic blunting is
scoentuated resulting in very aignificsuc strengthening
during static loading ac 1000 and 1100°C. The bluating
{s sccompanied by cavity nuclestion, which after 1100°C
stactic loading, causes significant reductioas ia the room
temperature strength due to & high densicy of cavities
locally., :

INTRODUCTION

The possibility of using silicoa carbide ceramics and
siliconized silicon carbide ceramics ac elevated temperatures
for struccural applications has prompted many studies of the
oxidation behavior of these materials and che scrength
retention after oxidation ac elevated tamperatures (see for
example Ref 1), Stacic facigue scudies have generslly
iadicated chat suvvivors of loag term scazic fatigue tescs
sre stroager than the starting material, particularly for
sintered SiC and siliconized SiC [2,3]. Although there have
been several studies of che growth of macroscopic and
microecopic flaws in sinterad and hot=~sressed silicon
carbide, only recently have there been actampts 20 decermine
the threshold stress inteasity for crack growth in these

*now at United Tech. Res. Cenzer, East Harcford, CT
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materials [4,5). The influence of corrosive environmeats om
the threshold stress iateansity or static fatigue limit is
obviously also a central issue for the use of these materials
aud for tailoring nev materials co resist crack growth ia
severe environmeants. In this paper, our recent studies of
the fatigue limit in hot-pressed and sintered SiC are
revieved with emphasis on the effect of oxidiziang conditions.
The possibility of acceatuating the flaw blunting regime is

.axplored with recent studies of the behavior of flaws in

siliconized sililcon carbide.

EXPERIMENTAL DETAILS

A" gince our interest is in the behavior of microscopic
flaws, the behavior of which may be altered by an oxidized
region at the surface, strength messurements were selected as
the means by wvhich to examine the competitive processes of
bluating and growth. Dynamic fatigue tests (stressing rate
dependence of scrength) are not definitive when a threshold
stress intensity and/or flaw bluating process are observed
(6]. The most definitive approach to examining the behavior
of flavs near the threshold scress iatensity is to examine N
the strangth discribuctions after exposure to s static load
near the threshold stress intensity value. An iaterrupted
static fatigue test has been employed to study the behavior
of flaws at elevated temperature. By measuring strengths at
temperature by rapidly loading from the static load level,
the threshold stress intensity fagtor caa be estimsted from s
knowledge of the starting strength distribution and the
strength distribution after stactic loading (7].

The materials used in this study were a hot-pressed SiC
(Norton's NC-203), a sintered SiC (Carborundua's sintered *
a=5iC) and & silicoaized SiC (experimental Carborundum
material KX-0l with 29 volume 2 Si and 4~6um graia size §iC).
The strength samples were cut from billets to nominal 2.5 dy
0.25 by 0.25 cm dimensions, and the major faces were ground
flac and parallel with a 600-grit diamond wheel. They were
tested in four point bending with 4.75 =m end 19.05 mm inner
aud outer spans. The lests were run in s coatrolled
aCmoephere furnace ian which argon, sir, or a coatrolled
C0/CO, ratio could be msintained so thac the Pg, vas
below " the sctive to passive oxidacion transitiod at the
various Cesmperatures.

In all csses the samples were proof tested to narrow the
etrengch discribution, The initial stremgth distribution
afcer proof testing was measured aC room teamperature and at

elevated Cemperature to establish the starcing screageh/flaw
size distributioa.
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Proof stress level.
Tested st toom temperature ia air afcer
proof testing,

0 = Tested st Cemperature in CO/COZ, after
* four hours static loading.
7 = Tested at temperature in C0/CO,,
. failed during static loading.
. S = Number indicates number tested.

To examine the effect of oxidation oun the flaw dehavior
the sintered silicon carbide was oxidized ac 1200°C for
10 hrs and tested either in the low P environmeal or ia
air. This oxidacion trestment results in an oxide thickness
of “0.23um and oxygen penetration into the SiC to a depch om
the average of 15-20im.

The initial stress inteasicy factors reported below
represent the values calculated from the applied
static load level assuming half-penny shaped surface flaws,
and usiang the measured tI values and iaitial strengchs
to calculate the maximum Flaw size in the distribucion. The
observed failure origins were sssociated with surface or near
surface features. For cthe siliconized silicoa carbide the
apparent K c values measuved with SENB specimens were
stressing tite dependenc. Therefore, the static load levels
are reported as a fraction of the short term fracture
strength ac elevated temperature which should represent an
initial K-value which is the same fraction of K_ .. If
final failure resulcs froa the same flaw discrig&cion before
and after static loading these assumptions concerniang inicial
K-values are justified. In some cases, described below, this
sssumption is not accurace. . -

‘fracture stress of ss-machined sincered a-silicon
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fracture o:rcsaoof oxidized sintered a-silicoa
carbide at 1200°C. '

Start teks i .
== « Proof stress level. .
~ Tested in liquid nitrogen after proof :
testing.
o ~ Testing at temperature in C0/CO,,
after four hours static loading.
7 « Testing at temperature ia CO/CO,,
failed during scatic loading.
$ - Number indicates number of samples tested.

RESULTS AND DISCUSSIONS ';

Despite observations froa dynamic fatigue tests on
sintered silicon carbide ia which there were no indication of
slov crack growth, the present study raveals a threshold
initial spplied stress intensity shove vhich cracks grow in
unoxidized macerial tested in an inert eaviroowent. 1In
Figure | the threshold value is estimated from four hour
tests to be aspproximstely 2.25 MPawt or %0.70K, .

Samples scatic loaded below this value show insfca:ion- of
strengtheaing. In a separate study we have shown that
waterials with a threshold which is e significant fractiom of
K, and/or in which cracks caa blunt show very little
dependence of scrength ou stressing rate or a minimum in the
strengch vs scressing rate ploc (6],

The corresponding data at 1600°C show similar
behavior with the threshold K-value %1.75 MP:.J‘, and with a

more proaounced strengthening belowv the threshold thar
obsearved ac 1200°,

The effect of oxidation on the threshold for crack .
geowch is apparent in Figure 2 vhich indicates a reduction- — -
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in ‘:u to ~1.7% st 1200°C for material which vas
oxidized at 1200 C fos 10 hrs:ﬂnd tested in an inert
eaviroaseat. At 1400 °C the X was reduced o

“1.25 by oxidation. Similar results were obtained when the
iteats were performed ia air.

To wore accurastely define the threshold value, & larger
group of samples was selected for morg extensive CesCs &t
1200 °C in air after oxidation at 1200 C for 10 hrs.

The samples wers proof tesced in liquid nitrogen (oxidized
specimens exhibited slow crack growth when proof tasted at
room tamperature in air) in order to truacate the strength
digtribution, The survivors were divided ianto three lots for
scatic loading ac 0.5 MPa.m%3, 1,75 WP a--&, and for
dc:cs-ina:ion of the starting strength discribution at
1200°C. These initisl K-values represent the maximum

values because they sre based on the maximum flav size which
could be preseat after prooftesting.

" The results of these tests conducted ia air at

1200 °C are shown in Figure 3. The short term streagth
discribution without static loading falls below the proof -
strese level becsuse of the dsetcnac in streangth from the
liquid “2 temperature to 1200°C. There is litcle
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Figure 3. Strength distributions at 1200°C in air for
oxidized sincered silicon carbide before and
after scatic loading at various inicial stress T
incensicies for 4 hours. -
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evidence of change in the %:rengch discribution after scacic
loading at X, = 0.5 MPa-m% The distribution after
ntu:ic-lo:di%& at K., » 1.75 MPa-m* is drastically

changed. The fcilozispcciucna are all plotted to the far
left of the diagrsm to indicate no retained strength but are
included to indicate the position of the survivors relative
to their original positions in the strength distribucion.
Large flaws which vere loaded above the threshold grev during
static loading sad most of the samples failed. Small flaws
vhich experienced K-values just below the threshold were
subscantially blunced resulting in strengthening of those
samples telstive to the scarting streangth. Flaws loaded at
the threshold value experienced no change, or perhaps those
loaded at a K-value at which the extent of crack growth was
exactly offset by a plastic blunting resulted in screagthe
identical to the starting distribucion. Using the original
strength at the crossover of the inicial flaw distribution
with the final strength distribucion, one can estimate the
threshold X-value from the relatiomship,

wadia 4N

K:h - qscatic load
xIc af.c =0

(1)

From phe data in Figure 3, this estimate of X . is 1.61 T

MPa-al, (O, o= 378 MPa, G = 178%HRa),

Thi:s value s slightly lower'Eﬂa t&e'eutiu&:e of 1.75 MPa.o
by Minford et al. (5] illustrated in Figure 2.. At

1400°C a similar experimencal analysis of X p Vas

frustraced by nucleation of a nev flaw popuiacion, presumably
by selective oxidacion of microstructural inhomogeneities.

ic
a

The blunting process is clearly shown to be a stress
dependent one by the large strengthening increment caused by
the increase in the static load level from KIi = 0.5 MPa-m} i
to KIi - 1.75 ¥Pa-m'. !

RATIONALIZATION OF xch
The thermodyuamic analyses of crack stability and

inscabilicy in brittle solids is “he appropriate scarting

point from which 2o rationalize the observed values for

K . and the observed changes with tempersture, and

oxidation. These analyses define the lower liamit of K

since at stress intensities above this value the kinetics of

crack growth may be offset by the kinetics of bluatcing which

would lead to a measured limit asbove the equilibrium

K,. . The detsiled analyses of competing kinetic procssses

in the crack cip region are noc aufficiently refimed, nor
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ir; the confirming experimencal data sufficiencly compelling
to allow direct comparison with the preseant study {8].

We have examined the applicability of the various models
‘'which have attempted to define a lower limit sctress or stress
intensity for crack growth [5]. The results are summarized
in Table !. We've included results from parallel studies of
hot-pressed SiC which countains swmorphous aluminosilicate st
grain bouaderies [4). Without reviewing the details of the
snalysis, one is led to the conclusion that Lange's model (9]
of the growth of preexisting voids in a viscous grain
boundary phase best fits the results for the oxidized
sincered SiC and hoct~pressed SiC, both of which have
amorphous oxide material in grain boundaries. Pravious
iavestigators have described slow crack growth in these
materials as viscous separation of the smorphous grain
boundary phase [10,11].

The as machined sintered SiC does not coatain an
amorphous graian boundary phase when tested in a nonoxidizing
environment. Dutton's [12] threshold value is closest to
matching the observed one although significantly too low. To
further test his wodel diffusivities for the various
diffusion paths determined by Homg et al. [13] and ocher
material properties from the literature were used o estimate
times to failure (t,) {S]. The experimental values fall
between the calculafed t.'s for grain boundary diffusion
and vapor phase transporg.

Our attempts to identify voids in che crack tip regioa
in either the oxidized or the nonoxidized material have not
resulted in clear identification of void growth aad
coalescence as the overall process leading to crack growth.
The materials with an oxide grain boundary phase show
evidence, in the form of fractured ligaments, of void growth
and coalescence on the fracture surfaces. The as machined
material may well fail by a process more like che Dutton
model of crack propagation by materisl transport away from
the crack tip which need not involve void auclestionm, growth,
and coalescence.

FLAW BLUNTING AND SILICONIZED SILICON CARBIDE

The stress dependeat increases in streagth below the
threshold stress intensity indicate a crack blunting or crack
tip stress field relaxation process. This phenomenon is well
kaown in slumina ceramics which contain a glass phase and has
been assumed to result from viscous deformetion in the crack
tip vegion [20]. More recent scudies have concluded that the
stress relaxatioan is accompanied by a damage zone with full
facet~sized cavities [8]. We have not been able to documeat
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these microstructural changes in sintered or hot pressed
silicon carbide, but our receat investigations of s fine
grained siliconized silicon carbide have been illuminating ia
-this respect [21].

>
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‘ The silicoanized silicon carbide deformed excessively ac
1200 _C and gbove (32 in 2 hrs ac 0.75 3¢ ac

1200°C); thus, the in:errustcd static loading tasts were
conducted at 1000 and 1100°C., Four sets of data for

ltltéc loading times of 2 hr and 10 hr at 1000°¢C and

1100°C in air and argon are presented in Figures 4 and 5

in the form of probability plots. All samples survived a
proof test of 72,000 psi at room temperature and the static
loading level was held coustant at 0.80 3¢ at the two
temperatures. The fracture toughnesses of this un:ctiﬁé
noansred by :hQOS!NB technique were 5.00 and 5,17 MPa-mé ac
1000°C and 1100°C, respectively.

Q
o

At these temperstures there is relatively litcle effect
of oxidation (1200 C for !5 hr) on the initcial screagth
distributions. Similarly, there is relatively little effect
of the air environment during stacic loading on cthe strengeh
distributions sfter scatic loading. The msjor effect is a
dramatic strengthening of the material after the scactic
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Figure 4. Streagth distribuycions at 1000°C beior and

ore
atter oxidacion( and afcer 2 hours(3) and
10 hour (4) scacic loading in air.
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macerial scacic loaded at 1100°C for 10
hours in air (cavitcy region).

v e ———




1.

ioading treatment (Figares 4 and 5) and a clear time

PO PY S I DS AN
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dependence of strangthening vwhich is most evident in the daca
at 1300 C. Afcter tea hours of stacic loading at .
11007C che average fracture stress at temperature is 272

‘higher than the starting fracture etress wvith a plastic
-atraia of 2.7% measured oa specimens which were static loaded

but not broken. . i

Since oxidation did not significantly affect the
screngthening, the flaw bluanting is due to deformation
processes in the substrate ceramig. SEM examinatioa of
polished surfaces of specimens which werse static loaded but
not broken revealed isolated cavities which form primarily at
§iC~8iC grain boundaries (Figure 6). The cavities are
limiced by the surrounding silicon; there is little evidences
of linkup or coalescence under the coaditions used in thesde
expariments. Careful ar.suremencs are undervay to determine
hov much of the plastic strain can be accouated for by
cavitation as compared to plastic deformation of the matrix.
Attempts to study the process of cavity nucleation and growth
at the tips of large artificial flaws have been frustrated by
rapid healiang of these flaws during heat up to the test
temperature. Thus, the relative importance of plastic
relaxation in the silicon and bluating by nucleacion of

cavicies to velax stress conceatrations is oot known at this
point. _
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Figure 7. Room temperacure scrength distributions after
proof testing (1) and after 2 hour static
loading ac 1100°C in argonm.




The room temperaturs strength distributions ngtcr scatic

[

loading at these temperatures suggest that ac 1000°C che
cavities are small and isolated since the strengths sre
marginally higgcr than the original streangths. However,
after the 1100 C creacment (Figure 7), che room
temperature strengths are significancly reduced for mosc of
the population, and careful SEX fractography reveals & high
density of cavities ac the failure origin. Therefore, wve
Bsust expect, at these very high stresses and stCress
inteasities, cavity linkup and coslescence to dominate the
time dependent failure of this macerial. The stress
depeundence and temperacture dependence of che plastic

deformation processes and failure are the subject of curreat
Tesestch. - -
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Time-Dependent Strength of Siliconized Silicon Carbide under
Stress at 1000° and 1100°C

D.F. CARROLL" and R.E. TRESSLER"
Department of Materials Science and Engineering, The Pennsylvania State University, University Park, Pennsylvania 16802

The time-dependent ofa siliconized sili-
con carbide under stress at 1000° and 1100°C was investigated.,
Both macroscopic stress redistribution and localized flaw
blunting were found to contribute to the strengthening of sili-
couized silicon carbide in bending tests, Strengthening through
macroscopic stress redistribution involved nonlinear creep be-
havior which decreased the maximum outer fiber stress in the
bending beam. Localized flaw blunting processes were deter-
mined to be operative in this material through artificial flaw
tests using a prestress to prevent flaw healing. The sharp arti-
ficial cracks were blunted during static load tests by localized
deformation processes at the crack tip.

I. Introduction

ILICONIZED silicon carbide materials are prime candidates for

ceramic components in gas turbine engines, beat exchangers,
fusion reactors, and wear resistant seals.’~’ The properties which
make these materials unique for these types of applications are
good oxidation resistance, high thermal conductivity, low thermal
expansion, and adequate mechanical strength.'* Along with these
properties, siliconized silicon carbides can be fabricated in-
to fully dense complex shapes without shrinkage. From these
characteristics, siliconized silicon carbide has an advantage over
other structural ceramics and has great potential as a high-
performance ceramic.

Past investigations have revealed a strengthening phenomena in
some types of siliconized silicon carbide under stress at elevated
temperatures. This strengthening process has been attributed to
flaw blunting and stress relaxation processes around the crack
tip.>~” More recently, an approach has been developed which de-
scribes the strengthening process as a macroscopic stress redis-
tribution in the bending beam due to the nonlinear creep behavior
of siliconized silicon carbide.® This stress redistribution process
reduces the maximum outer fiber stress in the bending beam. After
static loading, the superposition of the reduced outer fiber stress
with the stress due to fast fracture results in a strength increase. The
objectives of this paper are to demonstrate how the applied stress,
temperature, and time of static load affect the degree of strength-
ening in a specific siliconized silicon carbide and to determine what
processes are responsible for the strength increase.

II. Experimental Procedure

The material used in this investigation was a siliconized silicon
carbide containing 29 vol% of free silicon metal and 4 to 6 um SiC
grains.* The density of this material was 2.95 g/cm’. Four-point
bend specimens were cut from billets using a diamond saw and the
major faces were ground parallel with a 600-grit diamond whee!,
The final dimensions were nominally 25 by 2.5 by 2.5 mm. The
corresponding edges which formed the tensile plane were beveled
by hand with 600-grit SiC grinding paper to remove any edge
checking flaws. In all cases, the bend bars were proof tested using
a stress of 495 MPa to narrow the strength distribution. To estab-
lish the initial strength distribution of the material after proof
testing, the strengths were measured at room temperature and at

Presented st the 86th Annual Meeting and Exposition, The American Ceramic
Society, Pitsburgh, PA, May 3, 1984 (Busic Science Division, Paper
No. B-84). Received Seprember 4, 1984; revised copy received December 7,
1984; approved December 0, 1984,
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elevated temperatures. The crosshead speed used during proof and
fracture testing was 0.254 cm/min.

Static load test: were conducted at 1000° and 1100°C in both
argon and air environments for 2 and 10 h at applied stress levels
of 0.500, (300 MPa) and 0.80c, (480 MPa), where o, is the
average fracture stress at test temperature. After static loading, the
specimens were fractured at temperature by rapidly loading from
the static load level. The specimens which were statically loaded
in air were preoxidized in air for 15 h at 1200°C.

Some of the specimens statically loaded at 0.800, for 2 h at
1000° and 1100°C were not fractured at the end of the static load
time but were unloaded and cooled to room temperature. These
specimens were then fractured to determine if any residual stresses
were devel by the stress redistribution process described by
Cohrt et al.” During static loading, the nonlinear creep behavior
causes stress redistribution to occur on both the tensile and com-
pressive side of the bending beam. If the specimens were unloaded
after static loading and cooled to room temperature, a residual
compressive stress would develop on the tensile side of the speci-
men while a residual tensile stress would develop on the com-
pressive side. By fracturing these specimens with the appropriate
surface in tension during four-point bend fracture, the existence of
residual compressive or tensile stresses could be determined by
comparing the initial distribution with the strength distribution of
these specimens. )

In an attempt to separate the strengthening contributions of lo-
calized flaw blunting and macroscopic stress redistribution, a se-
ries of artificial flaw experiments were conducted. Large artificial
flaws were introduced into proof-tested specimens using the con-
trolled flaw technique.” A 19.6-N Knoop indentation was used to
produce the artificial surface crack. After indenting, the crater was
removed by grinding the surface to eliminate residual stresses. The
resulting strength distributions were measured at room tem-
perature, at 1100°C in argon and at 1100°C in argon after 10 h of
annealing. During furace heatup to 1100°C, a prestress of 0.7507.,
where o, is the average room temperature strength of the indented
specimens, was applied to prevent flaw healing.'® This 195-MPa
prestress corresponds to an initial applied stress intensity of
0.75K,-. Indented specimens were also static loaded for 10 h in
argon at an applied stress level of 0.80a; (320 MPa), where oy, is
the average fracture stress of the indented specimeas at 1100°C.
Again, the same prestress level was applied during fumace heatup.
This applied stress was equivalent to a stress intensity of 0.80K,..

1. Results

(1) Time and Temperature Dependence

The time and temperature dependence of the strengthening pro-
cess of siliconized silicon carbide under stress was investigated by
static loading oxidized specimens for 2 and 10 h at 1000° and
1100°C. The static load level was held constant at 0.800,
(480 MPa) for both temperatures. All specimens survived during
the time of the static load. Figure 1 summarizes the results at 1000°
and 1100°C. At these temperatures, there was relatively little effect
of oxidation on the initial strength distributions. Similar static load
tests of unoxidized specimens in argon have shown that the re-
sulting strength distributions were generally unaffected by oxi-
dation or the test environment under these conditions. A dramatic
strength increase was observed in this material after static loading
at the applied stress of 0.800,. The time dependence of the
strengthening process can be seen at both temperatures but its more
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ore and (M) after oxidation and (@) after 2 h and () 10 h of
static loading in air at 0.800,.

evident at 1100°C. The average fracture stress after static loading
at 1100°C for 10 h was 27% higher than the initial distribution,
whereas at 1000°C, the average fracture stress was 20% higher.
The difference in the amount of strengthening at these two tem-
peratures indicates a temperature-dependent strengthening pro-
cess. The permanent strains in the specimens were determined by
measuring the outer fiber strain. The permanent strains at 1000°
and 1100°C after 10 h of static loading were 1.8 and 2.7%,
respectively.

(2) Stress Dependence

Specimens were statically loaded for 2 and 10 h in an argon
environment at a lower applied stress of 0.500, (300 MPa). Again,
there were no specimen failures during static loading. At an ap-
plied stress of 0.500;, there was no strengthening observed after
static loading for either of the two times at 1000° or 1100°C. The
strength distributions after 2 and 10 h of static loading were almost
identical with the initial distribution. These results indicate a
threshold stress for time-dependent strengthening. The permanent
strains measured after 10 h of static loading were 0.6 and 1.3% at
1000° and 1100°C, respectively.

(3) Cavity Formation
The polished tensile surfaces of specimens static loaded but not
broken at various test conditions were examined for micro-

&
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Fig. 2. Scanning electron micrographs of (A ) polished tensile surface and
8) csz:;;ty region of specimen statically loaded for 10 h at 1100°C in air
at 0.800,.

structural rearrangement by scanning electron microscopy (SEM).
This examination revealed formation of cavities only in the speci-
mens that were static loaded at 0.800, (Fig. 2(4)). These cavities
formed primarily between SiC grains in regions of locally high SiC
content and were limited or blunted by the surrounding silicon
matrix (Fig. 2(8)). The size and density of the cavities were pro-
portional to the time and temperature of static loading. There is
litle evidence of cavity coalescence or linkage under the condi-
tions used in these experiments. The absence of cavities in the
specimens statically loaded at 0.500, suggests a threshold stress for
cavity formation.

(4) Residual Stresses

In order to examine the possibility of macroscopic stress redis-
tribution as a cause of strengthening during static loading, speci-
mens were statically loaded at 0.80a, (480 MPa) for 2 h in argon
at 1000°C, unloaded, and fractured at room temperature. The data
collected by fracturing the specimens with the original tensile
surface in tension and the original compressive surface in tension
are shown in Fig. 3(A). The results indicate a residual compressive
stress in the specimens fractured with the original tensile surface in
tension. This residual compressive stress produces an increase in
strength from the initial room-temperature distribution. in the
specimens which were fractured with the original compressive
surface in tension, the strength decreased compared to the initial
distribution. This strength decrease is attributed to a residual ten-
sile stress. The existence of these residual stresses in the specimens
after static loading suggests that the type of macroscopic strength-
ening discussed by Cohrt ef al.* may be operative. The effect of
beam curvature on these results was determined to be negligible for
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. 3. Strength distributions of specimens statically loaded at
0.800, for 2 h at (A) 1000°C and (8) 1100°C in argon (unloaded and
fractured at room temperature): (Hl) initial room-temperature
streagth distribution; ([)) strength distribution for specimens frac-
tured with original tensile surface in tension (residual compressive
stress); (@) strength distribution for specimens fractured with origi-
nal compressive surface in tension (residual tensile stress).

the degree of curvature obtained in the specimens.”

The results for the specimens statically loaded at 1100°C, un-
loaded, and fractured at room temperature are shown in Fig. 3(8).
A similar residual tension stress is observed in the compressive side
of these specimens. However, a different type of behavior was
found when the specimens were fractured with the original tensile
surface in tension. The resulting strengths are lower than the initial
strengths. This result is quite different from what was obtained for
specimens staticaily loaded at the 1000°C. Careful SEM exam-

ination of the fracture surfaces has revealed a high density of .

cavities around the fracture origins (Fig. 4). The interaction be-
tween the critical flaws and the cavities reduces the strength below
the initial distribution, even with a residual compressive stress
present. This interaction was not observed at 1000°C because the
cavities formed at this temperature are small and isolated. SEM
examination of the compressive surfaces has revealed no cvidence
of cavities; thus, the strength decrease is probably related to the
residual tensile stress alone.
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Fig. 4. Scanning electron micrograph of fracture surface of specimen
statically loaded for 2 h a1 1100°C in argon at 0.80¢, and fractured at room

temperature.
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Fig. 5. Effect of annealing and static loading on average
fracture stress of indentcg specimens: (/) 1100°C, no
indentation; (2) room temperature, 19.6-N indentation;
(3) 1100°C, 19.6-N indentation, no anneal: (¢) 1100°C,
19.6-N indentation, 10-h anneal at 1100°C; (5) 1100°C,
19.6-N indentation, 10-h static foading a1 0.80K, . In (¢) and
(5), a prestress of 75% of average room-temperature in-
dented fracture stress was applied during furnace heatup to
prevent flaw healing.

(5) Artificial Flaws

The antificial flaws introduced into the specimens by using a
19.6-N Knoop indentation (followed by surface grinding to remove
the crater) decreased the average room-temperature fracture stress
to 260 MPa (Fig. 5). At 1100°C, the strength of the indented
specimens with an applied prestress of 195 MPa increased 55% to
400 MPa. This large strength increase may be attributed to flaw
healing and flaw blunting, although the applied load during heatup
tends to hold open the flaw and retard healing. After 10 h of an-
nealing under the same conditions, the strength increased slightly
to 430 MPa. The indented specimens which were statically loaded
at 320 MPa (0.80KX,.) far 10 h were approximately 10% stronger
than the annealed specimens. The average fracture stress was
480 MPa. All specimens fractured at the indentation cracks. This
small 10% strength increase over the annealed specimens sug-
gests that a stress-induced, microscopic strengthening process has
blunted the sharp artificial flaw. Since the applied stress of
320 MPa during the static load tests is well below the stress
needed for strengthening by macroscopic stress redistribution, the
strength increase is related to localized blunting processes around
the crack tip.
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IV. Discussion

The strengthening process in siliconized silicon carbide con-
taining 29 vol% of free silicon metal and 4 to 6 um SiC grains
has been shown to be a time-, temperature-, and stress-dependent
strengthening process. The strengthening process is caused by both
a macroscopic and a microscopic process. On the macroscopic
level, the strengthening process is due to stress redistribution in the
bend bar through the nonlinear creep behavior of the material in
four-point bending.® During stress redistribution, the maximum
outer fiber stress decreased resulting in a strength increase when
the bending beams were loaded to failure from the static load level.
Residual stresses found in specimens which were statically loaded
at elevated temperatures, unloaded, and fractured at room tem-
perature also confirmed the macroscopic stress redistribution pro~
cess to be operative at clevated temperatures. Both the residual
tensile and compressive stresses were clearly shown in the speci-
mens statically loaded at 1000°C. However, for the specimens
statically loaded at 1100°C, the flaw population was modified by
the formation of a high density of cavities. Therefore, the effects
of the residual compressive stress could not be detected. The cavi-
ties formed at 1000°C had no apparent influence on residual com-
pressive stress since they were small and isolated. Quantitative
assessment of the magnitude of the residual stresses in these speci-
mens is the subject of current research.

Cavity formation occurred only in the specimeas statically
loaded at the higher applied stress of 0.800,. This result indicates
that the threshold stress for cavity formation is greater than 0.500,.
The amount of permanent strain in the specimens statically loaded
at the higher applied stress is greater than in the specimens stati-
cally loaded at lower applied stress level. The larger amount of
permanent strain at the higher applied stress level is accommodated
through cavity formation and may be responsible for the nonlinear
creep behavior that produced the stress redistribution. Neither
strengthening nor cavity formation occurred at the lower applied
stress level which suggests a linear creep behavior. The permanent
strain in these specimens is strictly due to accommodated plastic
deformation. These results imply that the nonlinear creep behavior
may be due to cavity nucleation and growth or, in other words,
unaccommodated plastic deformation. If static load tests were con-
ducted at applied stresses below the threshold for cavity formation,
no strengthening through macroscopic stress redistribution would
be expected. Experiments in pure tension are now being conducted
to separate the effects of accommodated and unaccommodated
(cavity-induced) plastic deformation.

Strengthening at the microscopic level was determined through
artificial flaw tests. The results show that the indented specimens
statically loaded for 10 h at 320 MPa (0.80K,,) are approximately
10% stronger than the indented specimens annealed for 10 h. This
strength increase suggests a localized blunting phenomena at the
sharp crack tip when the material is under stress. The static load
of 320 MPa is approximately equal to the applied stress which
yielded no macroscopic strengthening during static load tests with
natural flawed specimens. SEM examination has also confirmed
the absence of cavity formation in these specimens after static
loading. Since this applied stress is too low for macroscopic stress
redistribution, the strength increase must be due to a localized
blunting phenomena at the crack tip. This type of localized blunt-
ing can also have an effect on the K. values determined by the
SENB method." The X, of siliconized silicon carbide containing
29 vol% of free silicon metal and 4 to 6 um SiC grains has been
shown to increase from a room temperature value of 2.95 t0 5.00
and 5.17 MPa*m"? at 1000° and 1100°C, respectively." A similar
increase was also observed by Fuller.' This increase in fracture
toughness can be related to the localized blunting of the micro-
scopic crack ahead of the saw notch.

*NC430, Norton Co., Worcester, MA.
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Trantina’ has tried to investigate this type of behawor with
artificial flaws in another siliconized silicon carbide.’ After an-
nealing these specimens for 1 h at 1200°C, the strength of the
indented specimens approached that of the original material. This
strength increase occurred presumably because the flaws were not
beld open and probably healed during annealing. Indentation tests
with siliconized silicon carbide containing 29 vol% of free silicon
metal and 4 to 6 um SiC grains at 1300°C have shown a similar
flaw healing behavior.” The strength of the indented specimens
increased to approximately 90% of the initial strength with some
of the specimens not fracturing at the indentation crack. In order
to impede this flaw blunting behavior, a prestress of 195 MPa was
applied to the indented specimens during furnace heatup. This
stress produced an initial stress intensity of 0.75K,. at the crack tip.
With this prestress, strengthening still occurred probably by a
combination of flaw blunting and flaw healing. Annealing of re-
sidual stresses probably did not contribute to this strength increase
since the specimens were fractured almost immediately upon
reaching test temperatures. The small strength increase after the
10 h of annealing at 1100°C may be due to annealing of residual
stresses or localized flaw blunting caused by the prestress.

V. Summary

Both macroscopic stress redistribution and localized flaw blunt-
ing were found to contribute to the strengthening of sificonized
silicon carbide under stress. Strengthening through macroscopic
stress redistribution involved unaccommodated deformation pro-
cesses which may have been responsible for the nonlinear creep
behavior. No macroscopic strengthening is expected in this mate-
rial below the threshold stress for cavity formation. Localized
flaw blunting processes were also determined to be active through
the artificial flaw tests that employed a prestress to prevent flaw
healing. The sharp antificial cracks were blunted during static load
tests at an applied stress significantly lower than the stress needed
for macroscopic stress redistribution. This flaw blunting behavior
was the result of localized deformation processes at the crack tip.
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RIGH TEMPERATURE MECHANICAL PROFERTIES OF

SILICONIZED SILICON CARBIDE COMPOSITES

D. F, Carroll, R. E, Tressler, Y. Tsai and C. Near

The Pennsylvania State University
Department of Materials Scieance and Engineering
Uaniversity Park, PA 16802 .

INTRODUCTION

Siliconized silicon carbide composites are candidate materigls for
ceramic components in gas turbines and heat exchangers (1,2). Properties
vhich make these materials suited for these applications are good oxidation
resistance, high thermal coaductivity, low thermal expansion and adequate
wmechanical streagth (1,3). Siliconized silicon carbide is a two-~phase
material whose microstructure consists of interpenetrating phases of
silicon and silicon carbide. The silicon phase is dispersed throughout the
continuous silicon carbide phase in either a continuous or noa-coatinuous
matrix, depending upon the smount of free silicon in the material.

Past investigations have revealed a strengthening phenomena in sowme
types of silicoaized silicon carbides during interrupted static load tests
in bending st elevated temperatures (4-6). This strengthening phenomenas
has been attributed to either locslized flaw blunting processes or
macroscopic stress redistribution in the bending beam. Recently, Carroll
and Tressler have shown both of these processes to be operative in a
specific siliconized esilicon carbide (7). Flaw blunting may result in
strengthening through localized deformation processes around the crack tips
of severe flaws in the material.

Strengthening through wacroscopic stress redistribution during static
load tests may also occur in a material that exhibits non-linear creep
behavior or & different creep rate in tension than in compression, An
analysis developed by Cohrt et sl. enablea the calculation of the stress
redistribution process in a bend beam as a function of time (8). Figure 1
summarizes the stress redistribution process in a bending beam for a
meterial that exhibits non-linear creep behavior only (i.e., the creep
exponent (n) is greater than one, while the ratio (S) of the creep «ate in
tension to compression is equal to one), At time t=0, the initial applied
stress is linear throughout the beam., As time progresses, the non-linear
creep behavior of the material csuses a redistribution of the stress in the
beam. At t=t,, the stress at the outer tensile and compressive fiber has
decreased whi {e the stress around the neutral axis has increased compared
to the initial values. If the beam is loaded to failure at tec,, a
strength incresase would be observed due to the reduction of the aouter fiber
tensile stress. If the specimen is unloaded at t=t , a residual
compressive stress would develop on the tensile nur%uce vhile a residual
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Figure 1. Stress redistribution in a four-point bend beam with time for a
material which exhibirs non-linzar creep behavior oanly (us2, .
S=1, o = initial outer fiber tensile stress).
= inifial stress distribution ac t=0,
© stress distribucion ac t=t
¢ residual stress distribution after unloading specimen
at ts=t
1

tensile stress would develop on the compressive aide.

The stress redistribution process in & bend beam, when the material
exhibits linear creep behavior (n=l1) and a creep rate in tension that is .
ten times greater than in compression (S=10), is summarized in figure 2.

Again, at time t=0, the initial stress distribution is linear throughout

the bend beam., At time t=t,, the stress redistribution process has agaia

caused the outer fiber tensile stress to decrease. In contrast to the

previous example, the outer fiber compressive streas has not decreased.

The outer fiber compressive stress has increased compared to its iaitisl |
value. The neutral axis has shifted from h/2 toward the compressive side ;
of the specimen. If at t=t,, the specimen is loaded to failure, s

strength increase would be observed due to the reduction of the outer fider -
tensile stress. If the specimen is unloaded at t=t,, & residual

compresasive stress would develop on both the tensile and compressive }
surfaces while a residual teusile stress would develop ia the interior of i
the bend beam.

The purpose of this paper is o sumsmarize the strengthening phenomeax
observed in two commercially available siliconized silicon carbides wich . |
significantly different volume fractions of silicon, during ststic load
tescs at elevated temperatures. The relative amount of strengthening ia
each material due to localized flaw blunring processes and mycroscopic
stress redistribution will also be discussed.

778




- - °8°° L
] ot L]
s ° *® oasl .n“ = .o [
104 = ., °
] e00®® 2 .., .
P “e @ o
w 5 ‘e, o
x w PR ]
’5 §.| [} o “of
3 o
°
°
-zo g

THICKNESS OF BEND BEAM

Figure 2. Stress redisctribution in a four-point bend beam with time for s
material which exhibits linear creep behavior and a creep ratio
in tension ten times greater than in cowmpresaion (n=1, S=10,

o = initial outer fiber tensile stress).
= initial stress distribution at t=0
O stress distribution at t=t
@ residual stress distribution after unloading specimen
at t=t
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EXPERIMENTAL PROCEDURE

The two commercially available siliconized silicon carbide materials
investigated in this study were designated A and B,* The material
specifications are summarized in table 1.° Material A is composed of 4-6
micron SiC grains and approximately 29 volume percent free silicon in a
continuous matrix., Material B contains a bimodal distribution of 10 and
100 micron SiC grains with 15 volume percent free silicon dispersed
throughout the continuous SiC network. The densities of material A and B
were 2,95 and 3,08 g/cc, respectively.

Bend beams of material.A were cut from billets using a diamond saw.
The major faces were ground parallel with a 600 grit digmond wheel., The
approximate specimen dimensions were 25 by 2.5 by 2.5 mm, The edges
forming the tensile plane were bevelled by hand with 600 grit SiC grinding
paper to remove any edge checking flaws. 1In all cases, the bend beams were
proof tested at 495 MPa to narrow the streagth distribution. This proof
stress yielded & survival rate of 70%.

The as-received material B was precut into specimens with approximate
dimensions of 76.2 by 7.6 by 6.3 mm. The tensile and compressive surfaces
were finished to 320 grit while the other two faces were finished to 150
grit. The edges which formed the tensile plsne in these specimens were
bevelled using a 15 micron diamond wheel. Since these specimens exhibited
a narrow starting streagth distcidbution, proof testing was not necessary to

*
Material A - KX0l. Schio Engineered Materials Co., Niagara Falls, NY
Material B - NC230, Norton Co., Worcester, MA
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Table 1. Description of material characteristics

Material SiC Crain Volume 2 Density
Size Silicon (g/ec) -

A 4~6 um 29 2.95 ,

B Bimodal 15 3.08
10 um
100 ym

apply the technique described by Tressler et al. (4). Smaller specimens
were also cut and machined from these specimens to dimensions similar to
that of material A.

The fracture toughnesses of these specimens were determined as a
function of temperature usiog the single edge notch beam technique (9). aAn -
argon environment was used during the fracture toughness tests at elevated
temperatures. The notched specimens were fractured in four-point bending
uaing a crosshead speed of 0.25 ca/min.

The streangth distributions of the siliconized silicon carbides were
determined as s function of temperature in four-point bending. The inmer
and outer span dimensions of the inife edges used for the A specimens were
4,76 and 19.05 mm, respectively. The knife edge dimensions used for the B
specimens were 12.7 and 50.8 mm, respectively. A crosshead speed of 0.25
cw/win vas used for all fracture tests.

In order to observe the streagthening phenomens in these two
siliconized silicon carbides under stress, interupted static load tests
were conducted at temperatures between 1000 and 1300°C for times up to 50
hours. The appiied stress levels during static losding varied from 0.50 to
0.80 o_, where 0. is the average fracture stress of the material at test
to-ur‘tun. A Summary of the static loading conditions is shown in table
2. At the end of the static load time, the specimens were fractured at
test temperature by rapidly loading from the static load level.

Some of the specimens, sfter static loading, were not fractured at the
end of the static load time, but were unloaded and cooled to room
temperature., By fracturing these specimens with either the original
tensile or compressive surface in tension, the existence of residual ,
stresses was determined by comparing the resuiting strengths to thoee in
cthe initial discribucion. If a residual compressive stress existe on the
tensile surface of the specimen and either a residual tensile or
compressive stress exists on the compressive surface, streagthening through
maccoscopic stress redistribution as described by Cohrt et al. has occurred -
(8). The smalier B specimens were used in this phase of the investigation.

In order to attempt to separate the strengthening contributions of
localized flaw blunting and macroscopic stress redistribution, a series of
artificial flaw experiments were conducted. Large artificial flaws were
int roduced into specimens using the controlled flaw technique (10). A 19.6
and 88.2 N Knoop indentation was used to produce artificial surface cracks
in the A specimens and the smaller B specimens. The larger indentation
load was necesssry for the B material so that the artificial flaws would be
larger than the inherent flaws in the material. After indenting, the
crater was removed by grinding the surface to eliminate residual stresses.
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Table 2. Summary of static load conditions used in this investigation

Materisl ‘l'apsututc Static Load Time of Static
(¢c) Stress Load (hra)
A 1000 0.500 2
1100 0.80 ¢ 10
] 1300 0.500 4
0.75 16
50

The resulting strength distributione of the indented A :geciunc were
determined at room temperature, 1100°¢C in argon and 1100°C in argon after
& 10 hour asaneal., During furnace heat-up to 1100°c, a prestress of 0,75
%g» wvhere O,  is the average room temperature streangth of the indented
‘peci.-enl, &le applied to prevent flaw healing (11). Indented A specimens
wvere then static loaded for 10 hours in argon &t an applied stress of 0.80
% 'Y whgu % ' is the average fracture stress of the indented specimens
u{ 11007¢. ‘I‘hc strength distributions sf the indented B specimens were
deternined at room temperature and 1300°C in ergon. A prestress of 0,50 %1
vas used during furnace heat-up to help preveat flaw healing. Pour hour
ttnt‘i’c load tests of the indented B specimens were also conducted at

1300 °C using applied stresses of 0.50 and 0,75 OH'.

RESULTS AND DISCUSSION

Fracture Toughness

The fracture toughnesses of materials A and B as g function of
temperature are summarized in figure 3, At room temperature, where the
silicon is not as tough as silicon carbide, materiasl A has the lower
toughness due to its higher silicon content. The fracture toughnesses at
room ”,pcncurc for materials A and B are on the average 2.95 and 3.73
MPa.m ', respectively. As temperature is increased, the fracture
toughness of material A increases sharply while the toughness for material
B decreases slightly., The increase in fracture toughaness of material A is
due to the free silicon phase which is ductile at these temperstures. The
silicon phase (29 volume percent) in material A forms a continuous matrix.
The plastic strain capabilitiee of the ductile matrix are responsible for
the increase in fracture toughness. A similer increase in toughness with
temperature of msterial A was reported by Chuck et al. (12). There vas no
increase observed in the fracture toughness of material B at elevated
temperatures even though this material contains 15 volume percent free
silicon. The fracture toughness of this material is controlled by the
crigid SiC network., During processing, the rigid SiC network is formed
during the refire step which pertially sinters the SiC etructure (13)., The
wolten silicon is then infiltrsted into this porous structure reacting with
the free carbon to form SiC. The remaining pores are then filled with
silicon. The resulting silicon phase is located in pockets throughout the
8iC network forming a semi-continuous matrix. The deformation capabilities
of the silicon are restricted by the SiC network. Therefore, the fracture
toughness does not change dramatically with tempersture. The fracture
toughness of msterial B as a function of temperature, reported by Fuller,
is shown to remsin relatively constant for a displacement rate of 0.05
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cm/min (14). However, his results did show a slight increage in toughaess
vith temperatre swhen a much slower displacement rete, 5x10 ~ cw/min, was
used. This result suggests chat the higher displacement rate, 0.25 cm/min,
used in the preseat work does not allow sufficient time for silicon
deformation to have an effect on the fracture toughness.

Strengthening Behavior During Static_Load Tests

The results of the static load tests as a function of time for
materials A and B are summarized in fgguu 4. Material A was static loaded
at 0.80 g, (480 MPa) at 1000 and 1100°C for 2 and 10 hours while material
B ws stafic loaded at 0.75 o, (170 MPa) at 1300°C for 4, 16 and 50
hours. Both materials exhibil an increase in strength with time of static
loading. The increase in etvength in material A is larger thaan that
observed in material B. For example, after two hours of static loading at
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Figure 3. Fracture toughnesses versus temperature for materials A (O )
and B ( B ) determined using the notched-beam method.
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an spplied stress of 0.80 Os-u uoo°c, the average fracture stress of

material A increased 192 from 570 to 680 MPa. The average fracture stress
of wmaterial B after static loading &4 hours at 0.75 0_ increased 142 froam
208 to 238 MPs. The amount of strengthening, initinfly large for both
materials at shorter static load times, tends to approach a limiting value
at longer times. Strengthening in materigl B8 under stress at elevated
temperastures has alsc been reported by Trantina ($5). His results have
shown a similar time dependent strength incresse at 1200°C under a stress
equivalent to 862 of the baseline strength.

A temperature dependence of the strengthening phenomenon isocllo
observed in msterial A by comparing the results at 1000 and 1100 C. This
dependence is wore evident after 10 hours of static loading vhere the
average fracture stress at 1000 and 1100°C increased 20 and 277,
respectively, over their initial distributioms.

The stress dependence of the strengthening phenomenon during static
loading is summsrized in figure 5. The results show no observable utsength
increase after static loading at 0.500, for 10 hours st 1000 and 1100°C
for material A and for 16 hours at 1305°c for material B. However, a
strength incresse was observed after static loading for the same times and
temperatures under s higher applied stress of 0,80 0 gnd 0,75 0 for
material A and B, respectively. Again, material A ex{hibitl a la;ger
strangth increase under the higher applied stress for shorter static load
times. These results indicate that a time, temperature and stress
dependent strengthening process exists in both materials A and B.

Permanent Deformation

The amount of permanent deformation in A and B specimens was
determined by measuring the outer fiber strains of specimens which were
unloaded after static loading. The permanent strains measured for the
various test conditions are summarized in figure 6. The results show that
material A experienced more deformation than material B under the higher
applied stress levels. The permanent strain in the A specimens after
static loading at 1000 and 1100°C for 10 hours at 0.80 was 1.8 and
2,7%, respectively. The permanent strain in the B specimens after static
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Pigure 5. Practure stress of material A after static loading at
0.50 and 0.80 o, for 10 hours at 1000 ( @ ) and 1100°C

(O) and material B after static loading at 0.50 and 0.75 0,
for 16 hours at 1300°Cc (8 ),
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loading at 0.75 o_ for 16 hours st 1300°C was 1.55%. The larger awount
of deformation in material A is due to higher silicon content, Ac the
lover applied static load level of 0.50 O_, the A specimens exhibited
approximately the same smount of dcforul:fon after static loading for 10
hours at uoo°c. as the B specimens after scatic loading for 16 hours at
1300°¢c.

Cavity Formation

Polished tensile surfaces of unbroken static loaded specimens were
exsmined for microstructural rearrangement by scanning electron microscopy.
This examination revealed formation of cavities in the A and B specimens
static loaded under the higher applied stress of 0,80 0_ and 0,75 0,
respectively. The cavities were non-uniformly diuribu‘cd throughost the
tensile plane in regions of locally high SiC coatent (figures 7s, 7b), The
size and density of cavities in both wmaterials were proportional to the
time and temperature of static loading. There was little evidence of
coalescence or linkage of these cavities for the conditions atudied in this
investigation. Material A generally contained more cavities than material
B at correspoadingly larger permanent strains. The permanent straias
obtained at these stress levels for both materisls ia accommodated through
cavity formation and matrix deformation. Cavity formation was not observed
in either the A or B specimens at the lower static load level of 0.50 0,
The absence of cavities suggests a threshold stress or strain for cavicy
formation, The permanent strains at the lower applied stress level is
spparently accommodated completely by matrix deformation,

Residual Stresses

Ia orvder Lo examine the possibility of macroscopic stress redistributice
as a cause of strengthening during static loading, specimens were static
loaded at the high applied stress levels, unlosded and fractured st rooa
temperature. The dats collected by fracturing the A and B specimens with
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the original tensile surface in tension and the original compressive surfsce
in tension are shown in figures 8 aad 9. Material A results are for
specimens initially static loaded st 0.80 °t for 2 hours st 1000°C,

Material B results are for specimens static loaded at 0.75 0_ for &4 hours

at 1300°C, Both materials exhibited a residual compressive ‘tuu in the
specimens fractured with the original tensile surface in tension. The
compressive stress produces an increase io streagth froam the initial
distribucions. The residual compressive stress is larger in maceriasl A

than in maeterial B. For the specimens fractured with the original compres-
sive surfaces in tension, the resulting strengths decreased for both materials
as compared to the initial discribution. The strength decrease is attrib-
uted to & residual tensile stress. The residual tensile stress is larger

in the A specimens than in che B specimens. The existence of these residual
sCtresses sfter static loading suggests that the type of strengthening described
by Cohrt et al. may be operative (8). Since the residual stresses are

larger in the A specimens, the stress redistribution process may occur more
readily in this material than in materisl B. This result is expected since
the A specimens exhibited more permanent deformation than the B specimens.

The larger smount of permanent strain in material A indicates a higher -
creep rate vhich would result in a faster stress redistribution proceas. -

Acvtificial Flawv Tests

Strengthening on the micrascopic level through localized flaw bluating
processes was investigated using artificial flaw tests. The results for
waterial A are summarized in table 3. The 19.6 N Knoop indencation
(followed by surface grinding to remove the crater) decreased the averasge
roos temperature strength to 260 MPa. At {100°C, the strength of the
indented specimens with an applied prestress of 0.75 9__ (195 MPa)
increased to 400 MPa. This large increaase may be utr“ucad to flaw
blunting or healing, although the applied prestress during furnace heatup
tends to hold open the flaw and retard healing. Annealing of residual
stresses probably did not coatribute much to this incresse since the
specimens were fractured slwost immediately upoa reaching test temperature. ’ -
After 10 hours annealing under the same condition, the strength increased -
slightly to 430 MPa. This small strength incresse mey be due to annealing
of residual stresses or localized flaw blunting caused by the prestress.
The indentad specimens static loaded at 0,80 Uf * (320 MPa) ror 10 hours
at 1100°C were spproxisately 102 scronger than lhc aanealed specimens.
The average fracture stress was 480 MPa, All specimens tested under these
conditions fractured at the indentation cracks. The aversge fracture
stress after 10 hours of static loading was still less than the as-received
1100°C screngths. The small 10X strength increase over the aanealed
specimens suggests that a stress induced microscopic strengthening process
has blunted the sharp artificial flaws. Since the applied stress of 320
MPa is wvell below that needed for strengthening by macroscopic stress
redistribution, the strength increase is related to localized blunting
processes around the crack tip. Since the 10X strength increase is less
than the 272 streagth increase observed in proof tested A specimens static
loaded at 0.80 9. for 10 hours at 1100°C, the dominant strengthening -
process in this msterial is macroscopic stress redistribution.

The results for the artificial flaw tests in material B sre susmarized
in table 4. The 88.2 N Knoop indentation (after surface grinding to remove
the crater) reduced the average room temperature fracture stress to 180
MPs. At 1300°C, che strength of the indented spacimens uander an applied
prestress of 0.50 Gf (90 MPa) increased to 240 MPa. All of these ' -
specimens fractured i: the indentation cracks. The indented specimens
static loaded at 0.50 and 0.75 9, ' axhibited & significant smount of
strengthening. Only 2 out of 10 ‘peciunt static loaded ot 0.50 ¢ °*
failed at the indentation crscks, while at 0.75 an', none of the ‘geeiun
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Figure 8. Strength distributions of material A, static loaded at 0.80 ¢
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Table 3.

Summary of the aversge fracture stresses gf indented material A
specimens at room tempervature and at 1100°C after annealing

and static loading.

Temperature

Description

Samples Average
Samples Fractured Indented
Tested at Iadeat Strength (M¥a)

Rooa
1100%
Room

1100%¢

1100%

1100%c

No indentation
No indentation
Indentation

Indentation
No static load

Indentation
10 hour aanneal
No static load

Indentation
10 hour static
load at O.SOGH'

10 -

570 + 40

600 + 40

10 -

10 260 + 15

400 + 30

430 + 20

480 + 25

Table 4.

Summary of the average fracture stresses gf indented material 8
specimens at room temperature and at 1300 C before and after

static loading.

Temperature

Description

Samples Average
Samples Fractured Indented
Test ed at Indent Strength (MPa) )

Room
Room

1300%¢

1300°¢

1300°¢

No indentation
Indentation

Indeatation
No static load

Indentation

4 hour static
’

load at O.SOGfI

Indeatacion

4 hour static

load st 0.7San'

10 - 285 + 25

10 10 15

180 +

240

10 2 320

1+
w

10

0 ———
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failures occurred at the indentation crscka. It is postulated thet even
with a prestress of 0.50 0 _ to hold open the flaw, strengthening occurred
by a combined effect of fl‘J blunting and healing. This strength increase
way slso be complicated by annealing of residus]l stresses that may have
been present after crater removal., Since none of the specimens failed at
the indentation cracks under the higher applied stess of 0.75 % ',
compared to 2 specimens at 0.50 df ', a stress induced flaw blunzing
process must be operstive in this daterial and is spparently the dowinant
strengthening process under the present exparimental conditions.

Summary of the Strengthening Phenomenon

Both materiale exhibited a time, temperature and stress dependent
strengthening process. This strengthening process occurs on both the
macroscopic and microscopic levels. Macroscopic streagthening occurs
through stress redistribution in the bend besw. This effect was confirmed
by the presence of residual stresses found in specimens unloaded after
static loading at the high applied stress levels. The larger residual
stresses in the A specimens indicates that the stress rediscribution
process dominates in msterial A while playing a lesser role in mterial B,
From the results of the artificial flaw tests, both materials exhibited
wicroscopic flaw blunting behavior. Flaw bluating proceases in the
indented A specimens produced s 102 streungth incresse after static loading
at'0.80 o, ' for 10 hours at 1100°C. 1In comparison, the fracture stress
of proof &-ted A specimens static loaded at 0.80 o, for 10 hours at
1100°C incressed 27%. The 272 strength increasse in the proof tested
specimens suggests that mscroscopic stress redistribution is the dominant
strengthening process in the A msterial.

The artificial flaw tests with material B have shown a siguificant
awount of strengthening after static loading for four hours at 0.50 and
0.75 0_.'. Only 2 of the 10 specimens static losded at 0,50 °f ' failed
at the indentation cracks. At the higher static load level of 8.75 o ',
no specimen failures occurved at the indentation cracks due to & do-i‘.nt
flaw bluating process. A 14X strength increase was observed in the
as-received B specimens after static loading at 0.75 o for four hours.
Since the residual stresses were relatively small in lf-ilar specinens
vhich were unloaded after static losding and fractured at room temperature,
localized flaw bluating processes must be the dominsnt strengthening
process in ths material. This conclusion is based upon the large
strengthening increment observed ian the static load tests with indented B
specimens. In future work, strengthening due to localized flaw blunting
processes without the contribution of macroscopic stress redistribution
will be determined during atatic load tests in pure tension.
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ABSTRACT

The static fatigue limit, defined as the
stress level below which prolonged service life
is expected, is derived first from irreversible
thermodynamics and found to be sensitive to
kinetics. Existing theories of crack growth
based on distinct mechanisms are summarized
and discussed to give various values of the pre-
dicted static fatigue limit. Data for the static
fatigue limit measured from a-SiC bend bar
specimens tested at 1200 °C are compared with
those theoretical predictions. The results sug-
gest that, for structural ceramics crept at
elevated temperatures, diffusive crack growth
along the grain boundary dominates the static
fatigue process and provides the fundamental
level for the static fatigue limit. Other factors
such as plasticity and microstructural inhomo-
geneities are held responsible for the higher
static fatigue limit of any real system.

1. INTRODUCTION

This paper is concerned with the static fa-
tigue limit of structural ceramic materials at
elevated temperatures. The static fatigue limit
is defined as the level of applied stress below
which a prolonged service life is expected.
Examination of static fatigue data for many
materials shows the existence of this behavior.
Hence there is a growing interest for material
design purposes to measure and predict the
static fatigue limit of materials in order to
avoid premature failure within the design life.

0025-5416/86/$3.50

In the present paper the study is undertaken
from theoretical approaches. We shall make
a major premise that crack growth is the pri-
mary fracture mode. Other modes of fracture
such as necking-down or void generation and
linkage thus are not considered for the present
study. Because of their brittle nature, the
grains of ceramic materials deform elastically
even at high temperatures, although mass
transport may be active at internal surfaces
and grain interfaces. Hence, in this paper we
shall not consider other types of deformation
behavior such as viscoelasticity {1] and time-
dependent plasticity which are significant in
metal and alloy systems and which may be
important for ceramics in some service condi-
tions at very high temperatures. This restric-
tion means that the threshold stress intensity
K, is directly related to the static fatigue
limit under these circumstances because
applied stress is in direct proportion to the
stress intensity for the crack.

We begin by presenting the basic definition
of the threshold stress intensity factor in the
context of irreversible thermodynamics. It
will be shown that X is in direct proportion
to the square of the well-known strain energy
release rate and K, is sensitive to the detailed
kinetic mechanisms of crack growth. Hence,
in Section 3, we summarized existing theories
that are available in the literature which are
representative of various kinetic laws of crack
growth, Experimental data on K,,, of «-SiC
are used to verify the theoretical predictions.
The differences are interpreted in terms of
complications in the real systems including

© Elsevier Sequoia/Printed in The Netherlands
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size effects, configuration, interface structure,
inhomogeneity etc.

2. lRREVIfRSIBLE THERMODYNAMICS

Let us consider an elastic solid containing
a crack of length (or area in three dimensions)
a. Let the crack be propagated by an incre-
mental amount da to a + da; then the well-
known energy release rate G is defined by
dpP
= - 1
= (1)
where P is the total potential energy of the
solid and is given by the following expression:

P=F,—W ()

where W is the total external work done by
the loading device and F, is the total strain
energy stored in the body.

Dividing both sides of eqn. (1) by a time
increment dt and substituting P from eqn.
(2) we obtain

Gv=W-F, (3a)

where v is the crack tip velocity and the dot
denotes total derivative with respect to time
(e.g. W=dW/dt).

Now, from the first law of thermodynamics,
it can be shown [2] that, under isothermal
conditions,

F=W-A (3b)

where F = U — TS is the to*al Helmholtz
free energy, and U, T and S are the total
internal energy, the absolute temperature and
the entropy respectively; A is the time rate of
dissipative work resulting in total internal
entropy production and, according to the
second law of thermodynamics, A > 0,
As F = F, + F, where F, is the total inter-
facial (internal and external) free energy,
combination of eqns. (3a) and (3b) then gives

G=f,+n 4)

where f, = dF,/da and n = dA/dg are the inter-
facial and dissipative energies per unit length
(area) of crack growth respectively. Depend-
ing on the location of the crack, there are two
expressions for f,: for transgranular cracks,

fo =2, (5a)

and, for intergranular cracks,
i=2%— Y (5b)

where v, and v, are the surface free energy
per unit area and the grain boundary free
energy per unit area respectively. Equation
(5b) results from the fact that creation of a
unit area of an intergranular crack leads to
reduction of the grain boundary by the same
area. '

Now, for an elastic crack under plane
strain conditions, the stress intensity X is re-
lated to G through the well-known Irwin re-
lationship

Q—vHK?
G=—
E
or
E 1/2
k= (1 - vz) Gl 6)

where E is Young’s modulus and v Poisson’s
ratio.

The threshold stress intensity K, is then
defined by the minimum value of K, or

Ko=minf(02) themm)

This equation clearly indicates that from

the standpoint of non-equilibrium thermo-
dynamics, apart from 17, K,,, is only a function
of the material’s intrinsic properties such as
the specific surface free energy and the elastic
moduli of matrix, Other geometric factors
such as crack shape, length or stress concen-

tration are not involved. Further, because eqn.

(7) contains n which is sensitive to kinetics of
crack growth, the level of K, is therefore
strongly dependent on the operating mech-
anisms which activate the crack growth pro-
cesses, In the following section therefore the
representative crack growth models based on
various kinetic laws are summarized.

3. KINETIC LAWS

As discussed in Section 2, the static fatigue
limit is strongly influenced by the growing pro-
cess of the crack responsible for catastrophic
failure. Thus there is a need to discuse all pos-
sible kinetic laws for crack growth in order to
understand quantitatively the predicted X, .

[
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189

Predictions of K,; at 1200 °C for SiC based on existing crack growth models

Model Predicted Ky, Predicted Vy, Ky, (MPaml/2)
Hot-pressed Oxidized As-machined
a-SiC sintered sintered
a-SiC a-SiC
sM3 1/2
Grittith ( - E'y,) Zero 0.356 0.334 0.518
"
227. 1/3
Lawn and Wilshaw (l pz) Zero 0.546 0.5615 0.798
32 \1/2
Charles and Hillig (—2—- E'y,) Finite 0.273 0.257 0.398
74
sM2 1/2 a
Hasselman (—2- EN AH) Zero 0.838 0.789 0.789
n
sM3 1/2
Dutton {————E‘r‘b} Zero 0.634 6.599 0.928
(1 —v?)
E(27, ~ 7ep)) /2
Chuang 1.69 {(—2:'_%‘1‘} Finite 1.271 1.201 0.954
ol
e\1/2 2Ygp
Hull and Rimmer 2M |~ p+—— Zero 8.268 4.464 12.819
. n p
8M /¢ 1/2
Lange —_— (—) Vs Zero 2.066 1118 5.127
dv \r
Experimental results 2.25t0.1 1.76+0.15 2.25%0.25

8N =4 X1019 atoms m~2; AH = 26 ki mol™1,

Table 1, taken directly from ref. 3, tabulates
a collection of eight existing crack growth
theories from the literature. To aid discussion,
we have classified them in four separate groups
based on the distinct built-in kinetic law.

The classical Griffith crack model in its
original form envisages an unstable equilibrium
state for the cracked body and injects an
energy criterion such that the reduction in
strain energy resulting from crack extension
goes to supply the energy required for creation
of new crack surfaces. For a plane strain elas-
tic crack in mode I, linear elasticity theory

predicts a singular normal stress
-_K
ax)= @)

at a distance x from the crack tip, and a dis-
placement u(x) normal to the crack plane as

K? Aa (1 —v?)

4(1 —v®)K(Aa —x)V?
E( 2”)1/2

u(x) =

where Aq is the increment in crack length.
The total strain energy reduction due to Aa is

Aa
-1 j o(2u) dx
[\]
or
(1 —=v*K,? Aa
E

after integration. Accordingly, energy balance
requires that

£ = 2v, Aa




or

Ko =

ZE‘Y, y2
1- ,,z) (8)

This relationship is a special form of eqn. (7)
where n = 0 means that no irreversibie pro-
cesses have occurred. Here, in eqn. (8), K,
denotes the critical X; at the unstable equi-
librium point. When the applied K is in excess
of K,, , the crack is predicted to extend in-
definitely whereas, if K < K,,, the crack is
supposed to heal and disappear. Hence the
Griffith model as it originally stands is not
capable of predicting any kinetic law of stable
crack growth.

Hsieh and Thomson [4] and Lawn and
Wilshaw [5] introduced the lattice discrete-
ness into a Griffith crack (i.e. the crack is
atomically sharp) and found that the single-
valued K, degenerates into a range of X
values over an area known as the lattice trap-
ping region wherein the crack becomes stable
against growth or recession.

Rice [6] gave some possible thermody-
namically admissible kinetic laws for ther-
mally activated and environmentally assisted
Griffith crack growth. However, insofar as
K, is concerned, the expression remains un-
changed so long as v, is redefined to take into
account the surface adsorption isotherm which
is generally diminished to some extent from
the 1, value in vacuo (and, in some cases, v,
may even become negative!),

Charles and Hillig [ 7] developed a classical
theory of stress corrosion cracking in which a
two-dimensional elliptical crack is considered
to grow under the influence of stress and
chemical corrosive reaction. On the basis of
the assumption that chemical reaction between
the surface and environmental species is the
rate-limiting process and that the reaction
rate follows Eyring’s absolute rate equation,
they found an applied stress level at which the
stress concentration factor at the crack apex
remains invariant. Defining this value as the
static fatigue limit, they found that this limit
is equivalent to 31/27/4 or 0.77 times the
Griffith value defined in eqn. (8). They pre-
dicted that blunting (sharpening) will occur
when the applied stress is below (above) this
limit. However, their results are based only on
consideration of the crack tip and its imme-
diate neighboring points. A more extensive
analysis performed by Chuang et al. [ 8] in-

dicates that the true fatigue limit should be

at a level equal to 0.61 times the Griffith value
if the reaction of the entire crack surface is
congidered. Moreover, the results also show
that this fatigue limit degenerates from a
single-valued level into a range of stresses
wherein either enhanced blunting or necking
could result depending on a material param-
eter. It is also interesting to note that, in

both the original and the refined version of
the Charles and Hillig models, the crack tip
velocity at the static fatigue limit has a finite
value depending on the chemical corrosion
rate of a flat surface in the stress-free state.
Evidently, the necessary condition under
which this model applies is that the crack
must be present in a reactive environment so
that corrosive reactions can take place. Glass
specimens containing machining flaws at

their outer surfaces are an ideal example when
mechanically loaded in humid air. Another
example is structural ceramics crept at high
temperatures in an oxygen-containing environ-
ment (such as hot air) where oxidation is
expected to play a significant role. Neverthe-
less, the applicability of this model is some-
what limited because it is not known whether
or not the oxidation kinetics follow the ab-
solute rate theory.

Another crack growth mechanism which is
likely to be operative at elevated temperatures
is thermally activated mass transport processes
(i.e. atomic self-diffusion) at the crack tip
zone. These processes do not involve chemical
bond breaking or corrosive reaction. On the
basis solely of the principle of energy potential
without considering kinetic mobility, Hassel-
man (9] presented a surface-diffusion-con-
trolled model for the growth of a non-ideal
Griffith crack. The static fatigue limit is de-
fined as a stress level at which the energy at
the crack tip is just equilibrated with the neigh-
boring atoms at the crack surface so that no
atomic flow or vacancy diffusion will occur,
resulting in a stationary crack tip. Of course,
if the applied stress differs from this limit,
either recession or propagation of the crack
will result. However, as mentioned before and
also remarked by Dutton {10], because the
model fails to take the kinetics into considera-
tion, the correctness of the predicted crack
growth rate is questionable. Nevertheless, the
predicted value of the static fatigue limit is in
a reasonable range and falls in the same order




of magnitude as an ideal Griffith value as
shown in Table 1, although the value of AH
is difficult to measure in a laboratory.

Stevens and Dutton {11] developed more
elaborate diffusional crack growth models
of Griffith-type cracks by incorporating the
kinetics of atomic transport in the crack tip
zone with diffusion paths along the crack
surfaces, through the lattice and via evapora-
tion-condensation. Of those proposed mo-
dels, the surface diffusion model similar to
Hasselman’s model is probably more appli-
cable to high temperature creep rupture since
the contribution of surface diffusion domi-
nates over other transport paths in the prac-
tical temperature range. However, regardless
of the diffusion path, the static fatigue limit
is defined by Dutton and Rogowski {12] as
the value of the applied stress when the
chemical potential of atoms vanighes at the
crack tip. Predictions concerning growth or
shrinkage of cracks are similar to Hasselman'’s
model if the applied stresses are different
from this limit.

However, it is well known that creep cracks
often are located at grain boundary facets
normal to the applied tensile axis. Thus the
presence of grain boundaries in a polycrystal
must play a significant role in the creep rup-
ture processes. Essentially the grain boundary
provides a favorable site at triple-point junc-
tions in the form of unsintered pores or, be-
cause of grain boundary sliding, for nucleation
of cracks and a faster path for matter trans-
port during subsequent growth, Hence, it is
most likely that coupled surface and grain
boundary self-diffusion play a dominant role
in the growth of a grain boundary crack at
moderate temperature levels. As a result,
residual stresses are generated in the grain
boundary, which alter the energy level and
chemical potential in the crack tip zone and
allow a steady state to develop. Under these
circumstances. Chuang and Rice [13] and
Chuang [14] developed a grain boundary
crack growth model in which the crack tip
is advanced in a steady state fashion in an
elastic bicrystal (appropriate to a typical
brittle ceramic system) by atomic flow from
crack surfaces into the grain boundary ahead,
by analogy to the classical Hull-Rimmer [15]
model. By solving preeisely the stress and
“wedging shape” ahead of the growing tip
concurrently, they were able to find the
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kinetic law predicting crack growth rate

as & function of applied stress intensity. The
threshold intensity factor emerges from this
solution automatically. It should be noted
that, unlike other crack growth models, the
crack is predicted to grow at a finite (slow)
rate even when the applied K is exactly at K,,,
level.

In view of many similarities between the
Stevens-Dutton and the Chuang-Rice mo-
dels, it is perhaps interesting to make a com-
parison. The first major departure is the
contention concerning the direction of mass
flow as demonstrated in Figs. 1(a) and 1(b).
In the Stevens-Dutton model (Fig. 1(a)) the
grain boundary crack is treated as though it
were located in the interior of the mairix. The
natural consequence is that the atomic flow
must be away from the tip (i.e. from right to
left in Fig. 1(a)) as accommodation of matter
ahead of the tip is not possible. However, by
considering the presence of a grain boundary
ahead of the tip, the vacancy flows are then
reversed in the Chuang-Rice model (and pre-
sumably in the Hull~-Rimmer model also) (see
Fig. 1(b)) because now the grain boundary is
capable of releasing vacancies and absorbing
matter to form a ‘“‘wedge”. To ascertain which

STEVENS-DUTTON MODEL
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Fig. 1. Schematic diagrams of atomic flows and chem- -
ical potential fields in the crack tip zone: (a) the

Stevens-Dutton model; (b) the Chuang -Rice model;

(c) chemical potential distributions for these models.
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direction the atomic flow actually goes in a
real system, Varma and Dyson [16] recently
performed a novel study on the creep cavity
growth of nickel-base alloy IN-597. This
material has two-phase microstructures con-
taining soluble carbide particles. The creep tests
were performed on 8% prestrained specimens
at 154 MPa and 800 °C to avoid complications
induced by continuous cavity nucleation.
When crept to three-Quarters of the lifetime
and thereafter (corresponding to 0.656% of
creep strain or more), clear zones between
adjacent cavities on the boundary were
detected from the transmission electron
micrographs, indicating that atom plating has
already occurred. This experiment confirms
the contention of the Chuang-Rice model
that vacancies indeed do flow to the tip from
the grain boundary ahead of the tip as indi-
cated in Fig. 1(b).

Another major difference lies in the stress
and chemical potential fields resulting from
the reversed matter flows at the crack tip
zone. As illustrated in Fig. 1(c), for the
Stevens-Dutton model, the stress distribution
along the grain boundary is essentially un-
disturbed so that it poses an inverse square
root singularity at the moving crack tip (see
the broken line in Fig. 1(c)). However, in
the Chuang-Rice model, because of residual
stresses created by the “wedging” effect
owing to grain boundary diffusion, the stress
field is altered drastically in the diffusion
zone such that there no longer exists a stress
singularity at the tip (see the full line in Fig.
1(c)). Thus we are led to conclude that the
Stevens-Dutton model is appropriate only
for transgranular crack growth. However,
even in this case, it remains an open question
as to whether steady state growth can persist
since, as shown in Fig. 1(c) at the crack tip,
there exists a discontinuity and singularities
in the chemical potential which are inconsis-
tent with a diffusive kinetic law. More de-
tailed discussions on this subject have been
given by Rice and Chuang {17] and Puls and
Dutton [18].

Finally, Lange [19] developed a void
growth model in a liquid phase grain bound-
ary. The static fatigue limit is set at the sinter-
ing stress which is a function of the diameter
of the spherical void and the liquid-vapor
surface free energy. While this model is useful
as a first-order estimation and certainly appli-

cable to void growth in high glass content
ceramics, its applicability is in doubt for the
evaluation of K, as K is not defined in the
Lange model.

4. DISCUSSION

In Section 3 the threshold stress intensity
is discussed in terms of fundamental mech-
anisms which activate the crack growth pro-
cesses. These should represent lower bound
values for Ky, . Other concurrent processes
which accompany the crack growth will
demand more energy, resulting in an en-
hanced threshold value. Some notable influ-
encing factors are discussed as follows.

4.1. Plasticity of matrix

So far the evaluations of K, are based on
the elastic grain assumption. At high tempera-
tures the motion of dislocations inside the
matrix may result in a certain degree of plas-
ticity. As a result, entropy is produced in the
crack tip region and > 0 in eqn. (7), leading
to enhanced K, . This effect could be verified
experimentally from observations of the crack
size or crack-opening displacement. Examina-
tion of data in a variety of materials indicates
that, if we plot K, as a function of the maxi-
mum crack thickness normalized by the aver-
age grain size, i.e. as a function of 2W/d, as
shown in Fig. 2, we find that K, increases as
2W/d increases. This behavior could be inter-
preted in terms of the plasticity of the matrix:
the more ductile a material, the larger is the
crack thickness that can be achieved prior to
catastrophic failure. Accordingly, higher values
of observed 2W/d imply higher K, according
to eqn. (7) because of higher entropy produc-
tion rates. For example, when the crack thick-
ness is in the nanometer range, which is typical
of brittle ceramics, the measured value of
K, is at the fundamental value (0.1-1.0 MPa
m?/2), Located at the other extreme of the
spectrum are superalloys in which engineering-
sized cracks are often observed and where the
measured values of K, reported in the litera-
ture are in the range 10-50 MPa m?/2, In terms
of the v-K; curves, data collected in the litera-
ture, as schematically plotted in Fig. 3, also
indicate the trend of crack size dependence
on the K, values and on the subsequent crack
growth behavior. It should be noted that these
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Fig. 3. Schematic plots of the v-Kj relationship
showing the crack size effects.

two figures (Figs. 2 and 3) do not apply to a
given material; rather they refer to a broad
range of materials including very brittle ce-
ramics and ductile metals, although similar
behaviors were occasionally reported for a
given material [20].

Incidently, the term “‘slow” crack growth
often used by experimentalists needs some
clarification. Needless to say, ‘‘slow”’ or ‘‘fast”
is meaningless until a reference speed is de-
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Fig. 2. Schematic diagram illustrating the effect of crack thickness on the threshold streas intensity. The ranges of
sizes are labeled for a material having an average grain size of 1 um.

fined. In the experimental ceramic community,
the reference speed of a crack seems to be set
at around 10°7-10"? m s~ depending on the
test duration. However, in the context of
diffusive crack growth during creep fracture
processes, it has been established that *‘rapid”
crack growth will proceed above K,;,. When

K <K, the crack ceases to propagate and,
instead, the nucleation and growth of small
Hull-Rimmer type of cavities dominate the
process, leading to long-term cavitation failure
by linkage. The reference speed which separates -
‘‘fast” from ‘“‘slow” in this case is [14]

D.‘ Qm E 3
KTq? {(1 - vz)DbBb}

where D, Q'3 and D, §,, are the surface dif- _—
fusivity parameter and the grain boundary :
diffusivity parameter respectively. This quan-

tity is a function of material constants and

temperature only. It is possible then that,

because of the difference in v ,,, entirely

different conclusions may result for a given .
speed of crack growth. For example, the refer-
ence speed in eqn. (9) ofacrack (2W = 20 nm)
in a Y,03-doped silicon nitride specimen at
1100 °C was calculated to be of the order of
10733 m 57! [21]. Then the conventionally
termed ‘‘slow’’ crack growth of the order of
107®* m s™? based on v,y = 10" m 57! be-
comes very “rapid’’ growth in the context of
diffusive crack growth theory sincev = 10%,.

Upet = 8.13

(9
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4.2. Microstructural effects

In addition to the ductility effect as dis-
cussed above, K, can also be affected by a
number of microstructural factors.

(1) Crack deflection. At high temperatures
the crack path generally follows grain inter-
faces, resulting in intergranular failure. Be-
cause of the nature of polycrystal aggregates,
the crack tip is first trapped at the triple-
point junction of the grain boundary facets.
In order to continue the propagation process,
the crack must change direction and deflect
from its original path. The true X at the tip
is thus reduced, resulting in an enhanced
measured value of Ky, . In essence, this effect
is similar to K,, observed from cleavage of
b.c.c. polycrystals enhanced from that ot
b.c.c. single crystals tested at low tempera-
tures. This enhancement is due to polycrystal
effects.

(2) Inhomogeneity. In a real ceramic sys-
tem, impurities in the form of small particles
are often introduced as dopants or sintering
aids in the grain boundary phase. As a result,
the growth behavior of an intergranular crack
is altered. The value of K, will be raised for
rigid particles embedded in the grain bound-
ary (e.g. 8 WC particle in SizgN,). In contrast,
K, may be reduced for polycrystal ceramics
produced by liquid phase sintering.

(3) Shielding effects. 1t is known that
development of microcracking at the crack
tip zone may have a toughening effect. This
is because multiple crack interactions give
rise to a reduction in the effective K at the
major crack tip. This effect is even more pro-
nounced in bend bar specimens where parallel
cracking at the tensile edge is frequently ob-
served.

TABLE 2

There are indirect methods of measuring
the threshold stress intensity factors. Minford
et al. [22] used the modified static loading
technique to estimate K,; of bend bar speci-
mens for as-machined sintered a-SiC and
oxidized sintered a-SiC. The results of K,
measured for these two materials are included
in Table 1. The values range from 1.75 to
2.25 MPa m*/2, In contrast, Wiederhorn and
Fulier {23] estimate X, for the same material
by virtue of reliability maps which are gener-
ated by static load tests of bend bar specimens.
By plotting the contours of strength on the
axes of stress and time, the curves show either
strengthening or degradation behavior. The
boundary stress of these two regions is then
defined as 0, . In this way, since g, is directly
proportional to K , they estimated KX ,, for
a-SiC at 1200 °C to be in the neighborhood
of 3 MPa m'/2, In any event, at 1200 °C the
K, values for a-SiC are estimated by both
groups to be in the range 2-3 MPa m¥/2, The
predicted values for K, based on various
theories are computed and tabulated in Table
1. Examination of the table shows that, ex-
cept for the Hull-Rimmer and Lange models
which give extremely high values of K,;, the
highest values at around 1.2 MPa m/Z pre-
dicted by diffusive growth theory are the
closest to the experimental data. This com-
parison led us to conclude that diffusive
transport of mass near the crack tip region
probably takes place in the bend bar speci-
mens. In addition, because of the complica-
tions discussed above, Ky, is enhanced by a
facl:ltzor of about 2 from about 1.2 to 2-3 MPa
me,

However, it should be re-emphasized that
theoretically a true K, should not depend on

Predictions of K, for an interfacial crack in SiC at 1200 °C in terms of distinct crack growth mechanisms

Kinetic model Kin/Kg K. (MPa m1/2)
Hot-pressed Oxidized As-machined
a-SiC sintered a-SiC sintered a-SiC
Bond breaking 1.0 0.752 0.711 0.564
Chemical corrosion 0.61 0.469 0.433 0.344
Matter transport 1.69 1.271 1.201 0.954
Experimental results 2.25 1.75 2.25

It should be noted that Kg = {E(27, ~ T2 ~ vz)}uz for a grain boundary crack,

———-———_-_——_-J
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crack tip geometry, crack length or stress
concentration factor. Hence there is a need

to refine the expressions for K, in Table 1
based on the ideas discussed in Section 3. So
far as we can tell, there are three fundamental
crack growth mechanisms which are most
likely to be operative in the creep range. Table
2 lists the corresponding (lower bound) values
for K. These values are indeed quite low.
The difference between these values and the
observed values, as indicated in Table 2, sug-
gests that submicrocracks propagate along the
grain interface via vacancy diffusion mech-
anisms in the real systems. Other concurrent
processes including plasticity and microstruc-
tural effects as discussed in the present paper
are responsible for the iarger value of the
observed Ky, .

The above conclusions are drawn from the
comparisons between the static fatigue data
of «-SiC tested at 1200 °C and various theo-
retical predictions. It is likely that the same
conclusions can also be applied to other struc-
tural ceramic systems crept at high tempera-
tures. However, in a general situation, it is
recommended that, in addition to static fa-
tigue testing, a complementary microstructural
study (similar to that carried out in ref. 21) be
performed on the specimen so as to make cer-
tain that the actual physical processes do con-
form with the kinetic model assumptions.
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TIME DEPENDENT MECHANICAL BEHAVIOUR OF SILICON CARBIDE CERAMICS AT ELEVATED
TEMPERATURES

D.F. CARROLL and R.E., TRESSLER
The Pennsylvania State University, Department of Materials Science and
Engineering, University Park, PA 16802 (USA)

SUMMARY

The tensile creep behavior of a siliconized carbide was measured at 1100%¢
and stresses of 120 to 172 MPa using an optical extensometer and a modified
flat digbone shaped specimen. Both primary and secondary creep were observed.
The primary creep regime was characterized by t = alog(t/t + 1). A
steady~state creep stress exponent of 8 was measured far tRis temperature and
stress range. The creep results were then used to calculate the relative
amouat of appareant strengthening in bending, due to macrgoscopic stress
redistribution. A streangth increase of 7% was calculated for specimens static
loaded at 1100°C for 2 hours under an spplied stress of 480 MPa which accounts
for less than half of the observed strengthening in bending,

INTRODUCTION

Siliconized silicon carbide is being considered for use in high temperature
(>1000°C) structursl spplications, The mechanical properties of this wmaterial
are strongly dependent upon the silicon matrix phase which is ductile at these
temperstures. Past investigations have shown that siliconized silicon cacbide
exhibits apparent strengthening after static loading in bending at elevated
temperatures (1-4). This strengthening phenomenon has been attributed to both
flaw blunting and macroscopic stress redistribution processes. Flav blunting
May Tesult in a strength increase if the effective stress intensity around the
crack tips of the severe flaws in the material is reduced through locslized
stress relaxation processes.

Apparent strengthening through macroscopic stress redistribution can occur
if the material exhibits either non-iinear creep or s different creep rate in
tension than in comprassion (5-7). Using sn snalysis developed by Cohrt et
al. (5), the stress redistribution process in a bending beam for a material
which exhibits non-~linear creep behavior oaly (i.e. the steady-state creep
exponents in tension and compression are equal, but greater than 1) is shown
in Figure 1. At time t=0, the initial applied stress is linear throughout the
beam. As time progresses, the non~linear creep behavior of the waterial

csuses a redistribution of the stress in the beam. At £=C,, the stress at the
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Figure 1. Stress redistribution in a four point bend beam with time for
a material which exhibits non-linear creep behavior only
(n =2, s=1, 9, " initial outer tensile fiber stress).

» initial stress distribution at ¢t = 0O

O stress distribution at t = ¢t

@ residual stress distribution after un loading specimen
at t = t,

outer tensile and compressive fiber has decreased while the stress around the
neutral axis has increased cowpared to the initial values. 1f the beam is
loaded to failure at t-tl, an appareat strength increase would be observed due
to the reduction of the outer teansile fiber stress. If the specimen is loaded
at t-tl, s residual compressive stress would develop on the teansile surface
while a residusl tensile strees would develop on the compressive surface.

1f the material exhibited a faster creep rate in tension than in
compression, the outer tensile fiber stress would sgain decrease with time,
resulting in a strength increase when the specimen was losded to failure after
t=t,. However, unlike the preavious case, the outer compressive fiber stress
incresses with time and the neutrsl axis shifts from h/2 toward the
compressive side of the specimen., 1If the specimen is unloaded at tat,, a
residual compressive stress would develop on both the tensile and compressive
surfaces while a residual tensile stress would develop in the interior of the

bend beam,

1
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Recently, Carroll and Tressler (2) have investigated the strengthening
behavior of & specific fine grained siliconized silicon carbide under load in
four-point bending. Their results have shown that the average bend strength
of specimeas static loaded at 1000 end 1100°C for 2 hours under an applied
stress of 480 MPa, incressed approximately 11 and 18Z, respectively over the
initial distribution. They also found that this strength increase vas
accompanied by cavity formation on the tensile sides of the specimens.

Their conclusions from this work are that both macroscopic stress
redistribution and localized flaw blunting processes can produce a strength
increese in this siliconized silicon carbide under load, Cavity formation,
which reduced the room temperature strengths of crept specimens, will
eventually lead to the ultimate strength degradation and failure of this
material at elevated temperatures (4).

The purpose of this paper is to report on the tensile creep behavior of
this siliconized silicon carbide. This information allows one to calculate
the relative amount of strengthening due ro macroscopic stress redistribution
and to mske & comparison with the results obtained in bend experiments. Pure
tensile tests also allows one to study cavity forwmation and its contribution
to creep under uniform streas conditions without the complications of a
non-uniform stress state which changes with time. The cavity formation

process ia discussed in detail elsewhere (8).

EXPERIMENTAL PROCEDURE
Material and Specimen Design

The material used in this investigation was s siliconized silicon cnrbidel

that contained approximately 33 volume percent of silicon and 4 to 6 micron
silicon carbide grains., Tensile creep specimens were cut from blanks
approximately 76.2 x 12,7 x 2.54 s in size, using a vwire EDM
(electrodischarge machining) technique. The design of the tensile specimens
is shown in Figure 2. This design is similar to the modified flat dogbone
shaped specimen developed by Wakasi et al. (9). The initial gauge length of

these specimens was approximately 17.5 wm,

Loading System

Tensile loading conditions asre obtained by pinning the tensile specimens

into two siliconized silicon carbidez grips using alpha ailicon cnrbide3 pins.

1 KX-01 Sohio Engineered Materials, Niagara Falls, NY
2 CS101K, Norton Co., Worcester, Mass.

3 Sintered a-SiC, Sohio Engineered Materials, Niagara Falls, NY
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Figure 2. Schematic showing design of tensile specimen.

This pin and grip arrangement is located inside the furnace and is at test
temperature. The two grips extend outside the furnace and are connected to
two uaiversal joints and the other parts of the load tt.in.’ The dead load is
applied by hanging the desired weights from the bottom fixture, It is
critical that the pins sit properly in the holes of the specimen in order to
prevent a bending moment. There are two steps that must be taken to obtain
proper alignment. First, very close tolerances are needed in machining the
specimens. The EDM technique machines to within + | micron. The holes must
be located directly above the centerline of the gauge length and must be
machined to a uniform smoothness. Secondly, a preload must be applied to the
specimen before furnace heatup so the pin sits firmly in the hole. With these
precautions, the differences in creep strain between the side arms on either

side of the gauge length are routinely less than 5% after testing.

Measurement Technique

The creep deformation of the specimen was measured using an optical
extenso-eterh which views the sample through a fused quartz window of the
furnace. The optical extensometer focuses on the two side arms of the teasile

specimen. The side arms are backlighted using a halogen light socurce that is

transaitted through another fused silica window located directly behind the
specimen. The optical extensometer detects the shadows of the two side arms
using two photocathode screens. As the targets move apart during the creep

test, the optical extensometer follows the targets and nroduces an output

e

proportionsl to the displacement. The resolution of this device is -

approximately | micron at elevated temperatures in air.

N Electroptical extensometer model 200X-2, Zimmer OHG, West Germany
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Testing Conditions

Specimens were placed jnto the losding train under a prestress of
approximately 38 MPa. The furnace was then heated to test temperature where
the sample was snnealed for eight hours. After annesling, the sample was
loaded to the desired stress level for the creep test, Creep tests were
performed at 1100 + 1%C in air at applied stress levels ranging from 120 to
172 MPa., This stress range was selected because stresses below 120 MPa
produce a creep rate too low for measurable displacements during short term
creep tests and stresses above 172 MPa approach the tensile fracture stress of

this material.

RESULTS AND DISCUSSION
Creep Curves

Figure ) summarizes some of the tensile creep curves at 1106°¢ for applied
stresses canging from 120 ta 172 MPa. All test were interrupted after a
certain period of time to easure that there was no bending in the gauge
length, These results show that the creep behavior exhibits primary and
secondary creep regimes. SEM analysis of the polished gauge length sections
have shown that creep defarmation is &lso accompanied by cavity formation
nucleated first in regions of high SiC content. It has been shown elsewhere,
that this msterial also exhibits tertiary creep at the higher applied stresses

if the specimens are alloved to creep to failure (10). Unlike our results,
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Figure 3. Typical creep curves at 1100°C showing creep strain versus time
under applied stresses of 120 to 172 MPa.
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Wiederhorn et al. (4) have observed that in bending this siliconized silicon
carbide exhibits only primary creep at 1100°C and primary creep with a
transition to tertiary creep at 1300°C. This absence of a secondary or
steady-state creep regime in their results msy be due to the constantly
changing stress state in the bend beam as macroscopic stress redistribution
occurred. By plotting the minimum creep rate as a function of stress, they
determined that the stress exponent for steady-state creep to be approximately
4 at 1100 and 1200°C and 13 ac 1300°C, They concluded that at 1100 and
1200%C, the creep hehavior of this material is controlled entirely by the
deformation of the silicon phase, since the stress exponent is approximately
equal to that for the creep of silicon (10)., At 1300°C, the stress exponent
of 13 is considerably greater than that for deformation of silicon. This
result suggests another creep mechanism is occurring to increase the stress
exponent of the creep rate,

A computer program was developed to determine the transition point from
primary to secondary creep behavior and to fit the corresponding regimes to
empirical equations. The equation found to give the best fit to the primary

regime is the logarithmic relationship:
€ -alog(t/to +1) (1)

where € is the creep strain, t is time, t° is a time constant assumed to be
unity and a is a constant which varies with applied stress. A plot of the «
coefficient in equation 1 versus applied stress is shown in Figure 4. As the
applied stress increases, the a coefficient also increases linearly. This
result indicates that the primary creep strain increases with applied stress
at a given time t. The line crosses the x axis at approximately 80 MPa.
Since the a coefficient can not be negative, this result indicates that there
is a threshold stress for creep. The secondary creep regimes were fitted to

the equation:
£y = ACO/O)" (2)

vhere és is the steady-state creep rate, A is a constant, G is the shear
modulus and n is the stress exponent for steady-state creep. A log-log plot
of the steady-state creep rate versus applied stress is shown in Figure 5.
The slope of the curve yields a stress exponent of approximately 8. However,
there is a trend of increasing stress exponent with increase stress., This
creep exponent is larger than what would be expected if the creep behavior of
this material were c:ntrolled by the deformation of the silicon matrix.
Further evaluation of the creep curves, including the secondary creep regime

and the cavity formation process are discussed elsewhere (8).
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Stress Redistribution

The numerical integration used to calculate the stress redistribution
process was described earlier (5-7). 1In order to use this creep dsta to
calculate the amount of stress redistribution that occurred in bending, two
assumptions have to be made. PFirst, siace there is currently no data
available which describes the compressive creep behavior of this wmaterial, an
assuaption about the relstive rate of creep in tension to compression must be
made. Our bending results for specimens which vere static loaded at 480 MPa
for 2 hours at 1000°C, unloaded and then fractured st room temperature have
indicated that a residual compressive stress exists on the tensile surface and
a residual tensile stress exists on the compressive surface. A similar
behavior was also found at 1100°C except that the effects of residusl
compressive stress on the tensile surface could not be determined since the
room temperature strengths were reduced by cavity formation. The only way
these residual stresses could develop due to stress redistribution is if the
rates of creep in tension and compression were equal.

Results obtained by Wiederhorn et al. (4) have shown that this is not the
case for this material st higher temperatures and longer static load times.
Their results have shown extensive cavity formation which extends past the
geometrical center of the bend beam., Using a series of indentations placed on
the side of the specimen, they have been sble to determine how much the
neutral axis has shifted toward the compressive side of the specimen. This
type of behavior is due to a faster creep rate in tension than in compression.
It has been suggested that this asymetric creep behavior may be due to cavity
formation on the tensile side of the specimen. Cavity formation reduces the
effective cross-section of the bend beam which increase the tensile creep
rate,

In our bending results the amount of cavities formed after 2 hours of
static loading were confined to near the tensile surface. Since these tests
wvere interrupted at a very early stage in the primary creep regime and cavity
formation was not extensive, it is reasonable to assume that there is no
significant reduction in the cross-section of the bend beam. Therefore, the
tensile creep behavior has not been affected by the cavity formation process
and the creep in tension and cowpression should initially be equal, based upon
our results, 1If the tests were carried out for longer times, cavity formation
would increase the tensile creeap rate producing the results obtained by
Wiederhorn et al. (4).

The sacond assumption involves equation (1) which will be used to
numerically integrate the amount of stress redistribution. The first
assumption is that the a coefficient will vary linearly with stresses up to

the applied outer tensile fiber stress of 480 MPa. This assumption must be
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made becguse it would be impossible to obtain the teasile creep behavior of
this material at’ stresses vhich are above the tensile strength of this
-aterial. Also, it is assumed that a threshold stress for creep of 80 MPa
exists. At any spplied stress below this stress, the a coefficient is zero
and there will be no creep strain.

The results of the stress redistribution calculation for a sample initially
loaded at an applied stress of 4BO MPa for 2 hours is shown in Figure 6. It
can be seen that both the outer tensile and compressive fiber stresses have
decreased to a magnitude of approximately 440 MPa or 91X of the initial
applied outer fiber stress. 1f the sample is loaded to failure at this time,
the average fracture stress of the materisl will appear to have increased 40
MPs. In our esrly results, the average apparent fracture stress of the
specimens static loaded at 480 MPa at 1100°C for 2 hours increased from 600 to
710 MPa, an 18 screagth increase. According to the stress redistribution
calculation using our creep dats, the average apparent fracture stress should
have incressed from 600 to 640 MPa, approximately a 71 strength incresse. The
messured strength increase of 181 is also influenced by flaw blunting
processes which have been shown to produce strengthening in this material (2).
This strength prediction is only aspproximate since the creep behavior of this

material in pure rension at stresves above the tensile fracture stress must be

estimated,
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Figure 6. Calculation of the redistribution of stress in a bend beam after
2 hours of static loading at 480 MPa at 1100 C. Calculation
is based upon tensile creep data.

w initial stress distribution at t = 0
O stress distribution at t = 2 hrs
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SUMMARY

The tensile creep behavior of a siliconized silicon carbide was measured
using an optical extensoweter and a modified flat dogbone shaped specimen.
Iaterrupted creep teats conducted at 1100°C at stresses of 120 to
172 MPa exhibited both primary and secoandary creep behavior. The atress
exponent for steady-state creep was determined to be approximately 8. The
creep results vere used to calculate the amount of strengthening due to
macroscopic stress redistribution during static loading of a bend beam. A
strength increase of 7% was calculated for a static load test at 1100%¢ for 2

hours under an applied stress of 480 MPa.
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Oxidation Kinetics of Silicon Carbide Crystals

and Ceramics:

I

In Dry Oxygen

JOHN A. COSTELLO"" and RICHARD E. TRESSLER®

Department of Materials Science and Engincering. The Pennsylvania State University, University Park, Pennsylvania

The oxidation kinetics of several single-crystal and poly-
crystailine silicon carbide materials and single-crystal silicon in
dry oxygen over the temperature range 1200° to 1500°C were
fitted to the linear-parabolic model of Deal and Grove. The
lower oxidation rates of silicon carbide compared to silicon can
be rationslized by additional consumption of oxidant in oxi-
dizing carboa to carbon dioxide. The (0001) Si face of the
silicon carbide platelets exhibited lower parabolic oxidation
rates than the (0007) C face, by a factor of 10 at 1200°C.
Apparent activation energies increased from a value of
=120 kJ/mol below 1400°C to a value of ~300 kJ/mol above
this temperature. The (0001) Si face exhibited this high activa-
tion energy over the entire temperature range. The controlled
nucleation thermally deposited material exhibited the highest
oxidation rates of the polycrystalline materials followed by the
hot-pressed and sintered a-silicom carbides. In general, the
oxidation rates of the polycrystalline materials were bracketed
by the oxidation rates of the basal planes of the single-crystal
materials. Higher impurity concentrations and higher density
of aucleation sites led to a greater susceptibility to crys-
tallization of the scale which significantly complicated the oxi-
dation behaviors observed. When crystallization of the oxide
scale occurred in the form of a layer of spherulitic cristobalite
crystals, a retardation of the oxidation rates was observed. An
accelerated oxidation behaviar was found when this coherest
fayer was superseded by the formation of fine mullite crystais.

{. Introduction

HE oxidation of silicon carbide materials has been the topic of

investigation for many years because of their use in high-
temperature applications. The excellent oxidation resistance which
silicon carbide exhibits is due to the formation of a coherent layer
of silicon dioxide on the surface which suppresses further oxi-
dation. Oxidation kinetics can generally be described using the
linear-parabolic model of Deal and Grove.' This mode! was formu-
lated to characterize the oxidation behavior of single-crystal silicon
accounting for both linear and parabolic dependencies of oxide
thickness with time. The linear dependence arises from intertace
reaction control in the early stages of oxidation. Reported activa-
tion energies in the linear growth mgime correspond to the Si-Si
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bond energy (184 ki/mol). With increasing oxide thickness. the
oxidation is controlled by diffusion of oxidant through the oxide to
the growth interface. Under these conditions, classic parabolic
oxidation kinetics are observed where the oxide thickness is pro-
portional (o the square root of time. The reported activation energy
in this regime (117 ki/mol) agrees very well with the energy re-
quired for molecular oxygen permeation in fused silica as reported
by Norton.? Other experimental evidence has been reported in
support of this rate-controlling mechanism.‘* Both regimes ex-
hibit a linear dependence on oxygen partial pressure as predicted
by the model.

The oxidation behavior of silicon carbide is not as well under-
stood in spite of the attention it has received.®'* In most studies,
only parabolic oxidation kinetics have been reported. Activation
energies range from 84 to 498 kJ/mol. The large variations
in reported kinectics have been attributed to the differences in
the materials used in each investigation. Powders and singie-
crystal and polycrystalline materials with varying amounts
and types of impuritics have been investigated. In contrast, the
better-characterized silicon oxidation has been obtained with
single-crystal material having precisely controlled impurity
concentrations.

Very few studies of the oxidation behavior of single-crystat
silicon carbide are present in the literature presumably because of
the difficulty in acquiring the single-crystal material. Harris
reported the oxidation of {0001} surfaces of transparent green 6H-
polytype silicon carbide platelets in dry oxygen at 970° to 1245°C.
Parabolic behavior was observed on the (0001) C face at cach tem-
perature for thicknesses greater than 250 nm. Below this value,
the data approached a linear behavior. The calculated activation
energy of 197 kJ/mol was slightly larger than the corresponding
value for silicon. Oxide thicknesses were a factor of 7 smaller on
the opposing face. This difference in oxidation behavior has been
attributed to the polar form of the tetrahedral bonding in the
6H structure. Linear kinetics were reported for all temperatures
and times on this face, aithough at the higher temperaturcs, a
linear-to-parabolic transition is found. The nonlinear behavior in-
troduces a slight ervor in the calculation of the linear rate constants
reported in the paper. An activation energy of 356 kJ/mol was
calculated from the linear rate constants and was suggested 10
correspond to the chemical reaction at the SiC surface. von Munch
and Pfaffender® reported the effect of orientation, polytype, and
dopant level on the oxidation of SiC platelets. Oxide thickness
values for the two {0001} faces differed by a factor of 7 to 10 and
intermediate values were observed for the (1130) and (1T00) orien-
tations. The ISR polytype oxidized faster than the 6H variety.
Enhancements in the oxidation rates were reponted for dopant
concentrations greater than 10" cm™.

Table I. Description of SiC Materials
} Densu}' Gruin size

Material Nomenclature __lgsem) (pam) Majoe impurity
Single-crystal SiC black SCSC BL ~ 321 Al (ppm)
Single-crystal SiC green SCSC GR 3.2t N (ppm)
Single-crystal Si SCSi 242 B (ppm)
Sintered a-SiC SASC 3.18 5-7 B (0.5 w1%)
Hot-pressed SiC HPSC 3.23 1, 10 (bimodal) Al (2-3 wt%)
Controlled nucleation

thermal deposition SiC CNTD 0.01-0.1 Si
674
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The oxidation of polycrystalline SiC materials has shown a
considcrable range of behavior.”"'"'* in the majority of cascs,
parabolic behavior was reportcd. Several investigations reported
extremely high activation energies (>400 kJ/mol) for the oxi-
dation process and concluded that a mechanism other than oxygen
permeation controls the oxidation.''”" Singhal'* suggested
CO desorption from the growth interface as the rate-controlling
process. This mechanism implies an oxidation rate independent
of oxygen partial pressure. Hinze et al.'® reported a compli-
cated oxygen pressure dependence for hot-pressed silicon carbide,
varying from 0.55 at 1300°C 10 nearly independent (0.03) at
1500°C. A lincar pressure depcndence would be expected for oxi-
dation controllcd by oxygen permeation. Several investigations
reported lower activation energies below 1400°C and suggested
that oxygen permcation is the rate-controlling process in this
region.”"*-** Above 1400°C. increasing activalion encrgies sug-
gested that a change in the oxidation mechanism takes place.

Several studies have reported the effect of dopant concentrations
on the oxidation behavior of polycrystalline SiC materials.'""" In
general, increased dopant concentrations in the starting material
lead to higher oxidation rates. This effect is caused by the redis-
tribution of the impurities into the oxide during oxidation reducing
the viscosity and increasing the flux of oxidant to the growth
interface. - These additives, however, are necessary for success-
ful fabrication of the ceramic. The oxidation kinetics are also
affected in the sume munner by the presence of water, ™

The purpuse of this paper is to report the oxidation behavior of
several single-crystal and polycrystalline SiC materials in dry oxy-
gen at 1200° to 1500°C. Oxidation kinetics of the single-crystat
Taces arc described and extended to the polycrystailine materials (o
explain the ubserved kinetics. The influence of impurities, multiple
grain oricntations, and oxide crystallization is emphasized.

1I. Experimental Procedure

(1) Materials

Brict descriptions of the materials used in this study are listed in
‘Table 1. Particular attention should be paid to the material nomen-
clature which is used throughout the text. The single-crystal mate-
rialy consist of black (SCSC BL) and transparent green (SCSC GR)
varictics of the a or hexagonal structure type. The coloring arises
from the presence of aluminum and nitrogen impurities, re-
spectively. both in the ppm range. The crystals are predominantly
thin platclcts with the major surfaces being {0001} orientations of
the hexagonal structure. A preliminary oxidation screening of the
single-crystal samples was performed to distinguish between the
(0001) and (0001) surfaces rclying on the previously reported
diffcrences in oxidation of the two surfaces. Boron-doped single-
crystal silicon (SCSi) having (11])) orientation was used in
the study to compure to the silicon carbide results. Polycrystal-
tine materials included sintered a-SiC (SASC).* hot-pressed
SiC (HPSC),} and controlled nucleation thermally deposited
SiC (CNTD).'

Sample size was generally |} cm by 1 cm by 0.2 cm. The single-
crystal platelets were extracted from growth clusters in material
from the Acheson furnace process. Polycrystalline materials were
supplied in billet form and were cut to size using a diamond saw.
The carbon substrate on which the CNTD material was deposited
was removed by pyrolysis at 600°C. Samplecs were polished to a
Ys-um diamond finish using an automatic polishing apparatus.
Before oxidation, successive treatments of acctone. trichloro-
ethylene, dilute hydrochloric acid. dilute hydrofluoric acid. und
deionized water were used to thoroughly clean all samples. To
ensure that the single-crystal samples were not affected by succes-
sive oxidation runs duc to the redistribution of dopants, prior 1o
rcoxidation, they cach received a polishing step whereby a thin
surface layer of material (=1 pum} was removed followed by the
normal cleaning procedure.

Carborundum Co.. Niagars Falls. NY
INC-203. Norton Co.. Worcester, MA
Sun Fernamn Laboeatories, Pacovimia, CA.
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(2) Oxidation Experiments and Characterization

Oxidations were performed in a horizontal mullite tube furnace
equipped with MoSi. heating elements. A 3-in. (7.6-cm) hot zone
(£1°C) was present over the temperature range 1200° to 1500°C.
Temperature equilibration following insertion of the sample holder
typically occurred in <2 min. The oxidation atmosphere consisted
of dry oxygen gas (<5 ppm H;0) with a flow rate of 200 cm'/min
and a total pressure of 0.1 MPa (1 atm). Oxide thicknesses were
measured using cllipsometry and profilometry. The precision of
each technique was determined in this investigation to be =3 and
+50 nm, respectively. In several instances, extensive roughening
of the oxidized surfaces prevented an accurate measurcment from
being made. In these cases, an oxide thickness range was deter-
mined from profilometer readings and interference color estimates.
The morphologies of the oxide films were extensively character-
ized using X-ray diffraction analysis. optical microscopy, and
scanning clectron microscopy.

Long-term oxidation behavior of the hot-pressed and sintered a
materials was characterized by thermogravimetric analysis (TGA).
The oxidations were performed at 1300° and 1400°C and at a
reduced oxygen pressure of 20 kPa (0.2 atm) for 24 h. The sam-
ples were rectangular coupons with one of the major fuces polished
to ¥ um finish for a final thickness determination.

HI1. Results and Discussion

(1) Single Crystal

The oxide thickness data for the {0001} faces of the black single-
crystal material ure shown in Figs. 1(A) and (8). As previously
reported, the two faces exhibited markedly different oxidation
rates. The (000T) C face having the faster growth Kinetics will be
referred 10 as the fast-growth face while the (0001) Si face will be
referred to as the slow-growth face. In each figure, the thickness
data at cach temperature have an approximate slope of one-half,
indicating parabolic behavior. Similar results were obtained for the
green single-crystal material and single-crystal silicon. No appre-
ciable crystallization of the oxide films on the single-crystal mate-
rials was observed at any oxidation condition.

The data have been analyzed using the Deal-Grove model'
where the oxide thickness, X . is expressed as a function of the
time, 1, by the equation

X*+AX =8Bt + 1) ¢)]

where A, 8, and r are experimental constants for a given oxidation
condition. The parameter, 8, is the parabolic rate constant, and the
linear rate constant is equal 10 B/A . The time constant, T, accounts
for an initially rapid oxidation period which is not expressed by
linear or parabolic kinetics. It is especially significant at lower
temperutures (< 1000°C) but approaches zero with increasing tem-
peraturc. In this study. it was found to be zero for all materials and
oxidation conditions. Rearrangement of Eq. (1) into the form

X =Bu/X)- A (2)

allows for the extraction of the rate constants by simple lincar
regression analysis. The parabolic rate constants calculatead for the
single-crystal materials are compiled in Table 1. Each value is
accompanied by an experimental error value assuming a4 95% con-
tidence interval. Little significance could be attached to calculated
linear rate constants which varied crratically, at times assuming
negative values. The ervatic behavior results from the small values
of the constant, A, as the kinetics approach totally parabolic behav-
ior. For parabolic behavior from the outset, the constant is by
definition equal to zero. Experimental errors, therefore, signifi-
cantly intluence the calculated value which subsequently atfects
the calculation of linear rate constants.

Silicon exhibited the highest oxidation rate at cach temperature.
The calculated value at 1200°C compares favorubly to literature
values (750 nm/min).' The SiC fast-growth faces exhibited
growth rates similar to those reported by Harris at 1200°C
(317 nm/min)." The slow-growth faces also exhibited parabolic
behavior in contrast to the lincur behavior reported by Harris for
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Fig. 1. Oxidation kinetics data for (A) the (0001) face and (8) the (0001)
face of black single-crystal silicon carbide in dry O:.
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Fig. 2. Temperature dependence of Bunbolic rate constants for the
single-crystal materials oxidized in dry O,.

this face. However, as previously mentioned, careful examination
of the Harris data indicates that the upper temperature data actually
display a linear-parabolic transition.

The temperature dependence of the calculated parabolic rates for
the single-crystal materials is plotted in Fig. 2. Activation energies
determined from the slope of the line using the Arrhenius relation
are listed in Table II. The calculated value for silicon oxidation
(120 kJ/mol) agrees quite well with the accepted literature value
(117 ki/mol).' Similar values were calculated for the SiC fast-
growth faces over the temperature range 1200° to 1400°C. A con-
siderable increase in the activation energy was observed above
1400°C for the green SiC material. A correspondingly large energy
value was calculated for the slow-growth face over the entire
temperature range studied. The black single-crystal matenal ex-
hibited similar behavior although a leveling off of the slone above
1450°C indicates a decreasing energy value. [t is not clear at this
time what causes this behavior.

Differences in the parabolic oxidation behavior of silicon and the
fast-growth faces of silicon carbide at 1200° to 1400°C have been
explained by the additional oxidant necessary to oxidize the carbon
in silicon carbide.®'" According to the Deal-Grove model, the

Table 1I. Parabolic Rate Constants and Activation Energies for the Oxidation of the Single-Crystal Materials in Dry Oxygen*

K., (nm?/min)

Te
:.'é'{’ SCSi SCSC BLF SCSCGR F SCSC BL SL SCSC GR SL
1200 712 x 10* = 2.84 x 10° = 3.46 x 107 = 1.89 x 10' = 4.06 x 10' =
2.54 x 10 5.76 x_10' 4.70 x_10' 4.83 x 10" 5.93 x 10"
1300 .33 x 10° = 6.20 x 10* = 6.58 x 10? = 1.75 x 10* = 331 x 102 =
2.98 x 10? 3.60 x 10' 3.78 x 10' 9.09 x 10 7.22 x_10'
1400 232 x 10 = 1.04 x 10° = 1.15 x 10* = 8.48 x 10° = 9.43 % 102 =
2.29 x 10? 7.57 x 10' 1.60 x 10° 2.28 x 10° 1.79 x 10?
1450 1.92 x 10° = 231 x 10° * 1.64 x 10° = 2.86 x 10° =
6.09 x 10' 1.06 x 10° 4.12 x 10? 7.84 x 10°
1500 2.3) x 10° = 3.84 x 10° = 1.77 x 10° = 4.97 x 10’ =
3.95 x 10? 1.04 x 10° 2.78 x 10° 7.93 x 10?
E. (ki/mol) 120 134-197 121-297 mn 339

*Note: SCSi = single-crystal Si. SCSC = winghe-crystal StC. BL = bluck, GR = green, F = fast-growth face, SL = sow-growth e
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Table (I1. Comparison of Oxidation Rates
of Single-Crystal Materials

Temp (°C) I(= E(Si(:‘ BL F)/Kuisn x,__‘,-ssc GR F)/K= [(S‘n
1200 0.396 0.49
1300 0.462 0.49
1400 0.448 0.49
Equation N, K, 1SiIC)/K, S0
(1) Si(s) + Ox(g) = SiOa(s) 1.0
(2) SiC(s) + O:(g) = SiO:(s) + C(s) 1.0 1.0
(3) SiC(s) + 3O:(g) = SiOxs) + CO(g) 1.5 0.66
(4) SiC(s) + 20:(g) = SiOy(s) + COi(g) 2.0 0.5

*Predicied rate rutio.

parabolic rate constant. B, is defined as

B = ZD,,C ‘/ N, (3)
where D4 is the effective diffusion coefficient of the oxidizing
species, C* is the equilibrium concentration of oxidant in the
oxide, and N, is the number of oxidant molecules incorporated into
a unit volume of the oxide layer. Amorphous silica forms on both
materials so it is assumed that the diffusion coetficient of the
oxidant is the sume for cach. Likewise, the equilibrium concen-
tration of oxidant in the oxides is assumed equal since the oxi-
dations were carried out simultaneously. The value of the
remaining parameter, ¥,, will be determined by the oxidation
products (i.e., Si0z. C. CO, CO,). Hence, the differences in the
parabolic rate constants will be inversely proportional to the ratio
of the N, values for cach material. Predicted rate ratios for scveral
possible oxidation products are listed in Table l1l. The actual rate
ratios determined from the present data are also displayed in
Table 111. The data suggest that the difference in rates results from
the formation of CO, gas during silicon carbide oxidation which
reduces the amount of oxidant available for formation of silicon di-
oxide. It is important to note that this analysis cannot differentiate
between the formation of carbon dioxide at the Si/SiO: interface
and the formation of the carbon monoxide followed by oxidation
1o carbon dioxide at some higher oxygen potential within the oxide
during outdiffusion of the gaseous byproducts.

‘This correlation of oxidation rates and the similar magnitude of
the activation cnergies strongly suggest that the oxidation of the
fast-growth face of silicon carbide over the temperature range
1200° 1o 1400°C is controiled by the same mechanism as silicon.
It is relatively well established that this mechanism involves the
transport of molecular oxygen by permeation across the growing
oxide film.'™ The increase in activation energy above 1400°C
implies that a change in oxidation mechanism takes place.

Scveral investigators have suggested that ourward diffusion of
carbonaceous species controls the overall oxidation rate in the
high-temperature regime where the high activation energy is ob-
served.”""** In this case the implication is that the two required
sequential processcs, delivery of oxidant and removal of reaction
products, exchange relative rates as the temperature increascs caus-
ing a change in activation energy. However, the observed activa-
tion energics cannot be cxplained by this reasoning because the
slower of the two sequential processes will be the controlling one.
The high-activation-cnergy process should then be rate controlling
at low temperatures and the low-activation-energy process be rate
controlling at high temperatures if there is a change in rate-
controlling mechanism. Therefore, it is more likely that two paral-
lel processes cxchange relative rates with the high-activation-
cnergy one being rate controlling at high temperatures. One cannot
rule out change in controf of the oxidation rate between two paralle)
processes of outdiftusion of carbonaceous species with the present
data. However. a change in rate control between paraliel indif-
tusion processes of oxidant appears more likely to the authors in
view of the correlations between the oxidation rates of silicon and
siticon carbide in the low-temperature regime.

Isotope labeling studies have shown thut appreciable lattice dif-
fusion of oxygen occurs during oxidation of these materials at
1300°C.* The activation cnergy for lattice diffusion in fused silica
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Fig. 3. Oxide thickness vs time plot for the oxidation of CNTD silicon
carbide in dry O,.

was reported by Sucov®’ 1o be 298 kJ/mol whereas recent studies
indicate this value could be as high as 450 kJ/mol.?**" It is postu-
fated here that the change in mechanism above 1400°C involves the
Jattice diffusion of oxidant. The similar magnitude of the calcu-
lated activation encrgy for the slow-growth face suggests that this
mechanism applies over the entire temperature range studied. t is
not clear at this time why the oxidation of the slow-growth face
should be controlled by lattice diffusion instead of oxygen per-
meation at the lower temperatures. Additional information is nec-
essary to further elucidate the oxygen mechanism(s) that are rate
controlling in these high-activation-energy regimes. Specifically,
experimental determination of the activation energy for lattice dif-
fusion in the thermal oxides using isotope labeling resuits is cur-
rently under way in this laboratory. In addition, the oxygen partial
pressure dependence on the oxide growth rate of each face is being
studied. Whereas a linear dependence would be expected for the
permeation mechanism, the lattice diffusion mechanism should
exhibit a pressure dependence of one-half.

Detailed carbon labeling studies in conjunction with oxygen
labeling studies are in progress to examine the outdiffusion of
carbonaccous species as well.

(2) Polycrystailine Materials

In gencral, the oxidation behavior of the polycrystalline materni-
als was complicated compared to the single-crystal materials be-
cause of the higher levels of dopant cations present. the greater
propensity for crystallization of the oxide films. and the multiple
grain orientations on the surface being oxidized. These tuctors alsu
caused considerable roughening of the oxide surface and the
oxide/SiC interface which made thickness determinations difficult.

The oxide thickness data for the three polycrystalline materials
are shown in Figs. 3 to 5. Parabolic oxidation behavior was ex-
hibited by all three materials at 1200°C out to {0 h. The CNTD
material exhibited parabolic oxidation at 1300° and 1400°C out to
10 h. The sintered material (SASC) exhibited similar behavior at
1300° and 1400°C up to 2 h while the 10-h duta suggest that a
decrease in the oxidation rate occurs at longer times. At higher
temperatures, decreasing trends from parabolic behavior were ob-
served at even shorter times. The most complicated behavior was
exhibited by the hot-pressed material (HPSC). At 1200°C. para-
bolic behavior was found out to 10 h: at higher temperatures,
decreasing and increasing oxidation trends were observed.
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Fig. 5. Oxide thickness vs time plot for the oxidation of hot-pressed
silicon carbide (HPSC) in dry O,.

It was observed that the range of axidation behaviors exhibited
by these materials was directly related to the extent of crys-
tallization of the oxide film. On the sintered material. crys-
tallization of the oxide film began with the appearance of small
spherulitic growth features nucleating at random multigrain junc-
tions across the surface. Using the relationship between oxide
thickness und iterference colors. these features were readily ob-
served by their color with respect to the amorphous regions. Sub-
sequent X-ray diffraction analyses of heavily crystallized films
identificd these features to be cristobalite. The oxide thickness over
the spherulites was considerably thinner than in the remaining
amorphous regions with color estimates differing by as much as a
factor of 2. This observation indicated that the transport of oxidant
through the crystalline phase was considerably slower thaa through

tne amorphous phase as previously suggested in an earlier paper.”

Decreases in parabolic behavior of the sintered material were
correlated with the formation of a continuous layer of these spheru-
litic crystais over the silicon carbide surface. An example of this
coverage is shown in Fig. 6. Delineation of the spherulitic crystals
is caused by the preferential removal of the amorphous phase
resulting from differences in the etch rate of the oxide phases in
the buffered HF etch. Crystallite formation was not observed in the
1200°C oxidized specimens in agreement with the single purabolic
behavior exhibited out 1o 10 h. Likewise, the oxide films on the
single-crystal and CNTD materials were free of appreciable crys-
tallization even after the most severe oxidation treatments.

hot-pressed material exhibits a more complex crystallization
behavior. Several investigations have reported the presence of cris-
tobalite and mullite in the oxides formed on this material after
fong-term oxidation."'""" In the present investigation, X-ray dif-
fraction analyses of the more heavily crystallized samples indicated
the presence of cristobalite (major phase) and mullite (minor
phase). At the higher oxidation temperatures (= 1400°C), it was
observed that crystallization began in the form of spherulitic
growth features similar to the sintered material. At longer times,
however, an extremely fine particufate structure surrounded by a
glassy matrix phase wus present as shown in Fig. 7. The fine
particulate structures ase presumed to be mullite. Similar micro-
structural features were reported by MacDowell and Beall® in
an investigation of the immiscibility and crystallization of
Al;0,-Si0; glasses. It was reported that metastable glass-in-glass
separation occurs in these meits (ollowed by the aucleation and
growth of both mullite and cristobalite crystals. Depending on the
heat treatment, MacDowell and Beall indicated that a variety of
structures for mullite were observed including an extremely fine
particulate type as reported in this investigation. In these bulk
glasses, formation of cristobalite always occurred in the form of
three-dimensional spherulitic crystals.

In terms of the oxidation behavior exhibited. the formation of a
layer of cristobalite crystals is presumably responsible for the de-
creasing kinetics in much the same manner as reported for the
sintered material. With increased time, and presumably, increased
segregation of Al'* into the oxide, the finer crystals of mullite form
from the Al;0,-SiO: film presumably at the expense of the cris-
tobalite which leads to an increase in the oxidation rates. The Al'*
segregation manifested in the formation of mullite particles in the
oxide apparently allows more rapid transport of the oxidant. Al-
though the precise reasons for the microstructural instability in
these oxidation scales are not known from the present work, the
correlations of these changes with the changes in parabolic oxi-
dation rates are quite clear.

Parabutic rute constants for the oxidation of the polycrystalline
materials were calculated in the same manaer as the single-crystal
daty and are given in Table 1V, In several instances, a rate constant
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Fig. 7. Scanning electron micrograph of crystalline festures in the oxide
film on hot-pressed silicon carbide.

is not reported because the oxidation deviated completely from
parabolic behavior. The CNTD material exhibited the highest oxi-
dation rates in spite of the low levels of cation impurities present
in the material. Free silicon. however, was identified by X-ray
diffraction analyses to be present in sufficient quantities to increase
its oxidation susceptibility. Of the remaining two materials, the
hot-pressed variety exhibited higher oxidation rates compared to
the sintered material in agreement with previously reported re-
sults.”’ This difference has been explained by the higher levels of
additives in the hot-pressed material which effectively lowers the
viscosity of the oxide film increasing the diffusivity of species
across it ™ '

The temperature dependence of the parabolic rate constants for
these materials is shown in Fig. 8 and calculated activation energy
values are listed in Table 1V. The behavior of the CNTD material
was quite similar to that of the fast-growth face of the single-crvstal
SiC materials, suggesting that similar oxidation mechanisms were
operative. Slightly larger activation energies were calculated for
the hot-pressed and sintered materials. The observed values are
complicated by the differing temperature dependencies present for
each exposed crystal orientation on the polycrystalline surface.
Earlier, it was reported that the temperature dependence of the
oxidation rate on the slow- and fast-growth faces of the single-
crystal SiC can be different by as much as a factor of 3. That
individual grains oxidized at different rates was readily observed
using optical microscopy inspection and the interference color-
thickness relationship. Oxide thicknesses ranged from the values
corresponding to the slow-growth-fuce value up to the value re-
ported for the fast-growth face. This effect led to an average thick-
ness value for the polycrystalline material as shown in Fig. 9,
where the thickness data for the sintered a polycrystalline material
are compared with those of the green single-crystal material
at 1200° and 1400°C. In each case. the SASC data arc bracketed
by the single-crystal data. In turn, the observed temperature
dependence of the polycrystalline material should be a com-
posite value of lemperature dependencies of individual crystal
orientations.
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Fig. 8. Temperature dependence of gmbolic rate constants for the poly-
crysialline materials oxidized in dry O,.

Thermogravimetric analysis (TGA) was used to characterize the
long-term oxidation behavior (up to 24 h) of the hot-pressed and
sintered materials. The technique is not as sensitive as the thickness
measurement for short-term data but is better suited at Jonger times
where oxide roughening and crystallization preclude the use of the
thickness measurement techniques. Data were obtained for both
materials at 1400°C but only the sintered material was measured at
1300°C. Similar to the short-term results, the hot-pressed material
exhibited a higher oxidation susceptibility than the sintered mate-
rial. Parabolic oxidation behavior was observed for the sintered
material at both temperatures out to 24 h. The hot-pressed material
exhibited two separate parabolic oxidation regimes at 1400°C with
an increased rate occurring after =6 h, presumably due to the
changes in the oxide scale composition and morphology discussed
above. Parabolic rate constants calculated from the data using
polynomial regression are listed in Table V. For the hot-pressed
material, the higher rate is reported.

For direct comparison of the short- and long-term data, it was
necessary to convert to similar units. The weight gain units
(g°/(cm*+h)) were converted into units of nm’/min taking into
account losses due to volatile oxidation byproducts, the oxide
density, and the oxygen partial pressure differences. The actual
conversion factors used to change into the thickness units werc
2.15 X 10" and (.43 x 10" at 1300° and 1400°C, respectively.
The converted TGA data shown in Table V are significantly dif-
ferent from the short-term data, the value for the sintered material
being a factor of 4 smaller and the hot-pressed material being a

Table IV. Parabolic Rate Constants and Activation Energies for the Oxidation of the Polycrystalline Materials in Dry Oxygen

K. (NM’/min)
Temp (°C) CNTD SASC HPSC
1200 3.44 x 10° £ 5.34 x 10’ x 10? = 8.7 x 10 2.20 x 10° = 8.20 x 10’
1300 7.45 x 10° = 2.03 x 10’ x 107 = 7.11 x 10! 6.95 x 10* = 2.11 x {0?
1400 1.37 x 10° = 2.55 x (0® X 10° £ 2.72 x 10? 1.86 x 10°*
1450 2.69 x 10° £ 5.37 x 10° x 10**
1500 4.51 X 10° = 7.58 x 10?
E, (kJ/mol) 142-293 217-289 221

*Two thickness values used to calculate rute.
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Table V. Comparison of Oxidation Behavior of Polycrystalline Materials Using
Thermogravimetric Analysis (TGA) and Thickness Measurements

xl-
Coaverted Thickness
TGA analysis (g*/(cm* - b)) TGA analysis® (am*/min) measurements (am?/min)
Temp (°C) SASC HPSC SASC HPSC SASC HPSC -
1300 6.21 x 107" 1.30 x 10 5.4 x 10° 6.95 x 10!
1400 1.68 x (07" 4.02x 10" 2.41 x 192 5.74 x 10° 9.49 x 10° 1.86 x 10°
E, (kJ/mol) 218 173 213 1
o (oY . rs wt of oxide }* ) T
‘r'(m.'.) "'(c.-'-n) "( i gain ) x (dms'uy o(ulik) x focion)

Specific conversion factors are discussed in the text.
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Fig. 9. Comparison of the oxidation kinetics of single-crystal and sin-
tered a-silicon carbide matenals in dry O..

factor of 3 higher. Whereas the magnitudes of these differences are
somewhat uncertain because of the assumptions necessary to con-
vert the data. the overall trends are quite relevant. As described
earlier. the differing oxidation behaviors of the polycrystalline
materials are rather sensitive 1o structural changes within the oxide.
The sintered material exhibited a decreasing oxidation behavior at
long times due to the formation of a continuous layer of spherulitic
cristobalite crystals through which the transport of oxidant or reac-
tion product species was significantly reduced. Ax a result. the
long-term data indicated a reduced parabolic oxidation rate com-
pared to the short-term results. The hot-pressed material exhibited
a much more complex oxide crystallization causing decreasing and
increasing oxidation behaviors. At long times, the deterioration of
the protective crystallized film causes an enhanced oxidant trans-
port with significantly higher oxidation rates compared to those
reported from the short-term results. Mcusurements of the final
oxide thickness on the oxidized TGA specimens were also made
and compared to the thickness results. Within experimental error
and after compensating for the reduced pressures used in the TGA
case, the thicknesses are in good agreement with the values predict-
ed by the dushed curves in Figs. 4 and §.

1IV. Summary and Conclusions

It has been shown that the basal plane of SiC which exhibits a
fast oxidation rate behaves similarly to a single-crystal silicon in
the temperature range 1200° to 1400°C. The lower oxidation rates
for silicon carbide can be explaincd by the udditional demands for
oxidant to oxidize the carbon in the silicon carbide case. These
results and the similar activation encrgies (120 kJ/mol) strongly
suggest thar oxidation in this regime is controficd by the per-
meation of molecular oxygen through the growing oxide film. At
temperatures greater than 1400°C, the significantly increased acti-
vation energy indicales a change in oxidation mechanism. Lattice
diffusion of oxygen is suggested as the ratc-controlling mechanism
in light of the relative agreement of activation energies and the
isotope labeling experiments which have verified the appreciable
transport of oxidant by this mechanism at temperatures above
1300°C. The slow-growth face exhibited lower oxidation rates and
a higher activation energy over the entire temperature range which
is not understood in the context of oxidant or product diffusion
through an amorphous scale. Additional studies arc necessary to
further clucidate the rate-controlling process(es) in these high-
activation-energy regimes.

The oxidation behavior of the polycrystalline materials is similar
to the single-crystal behavior but is significantly altered by several
factors. The oxidation rates of the sintered a-SiC are bracketed by
the fast- and slow-growth faces of the single-crystal material. pre-
sumably because of the random orientation of the individual
grains. The observed activation energics for the polycrystalline
materials are generally intermediate to those observed for the vari-
ous single-crystal faces. The presence of higher concentrations of
impurities altercd the oxidation behavior by forming low-viscosity
oxides which increase the oxidant flux to the growth interfuce. A
much higher susceptibility to crystalization was exhibited by the
polycrystalline materials due to this reduced viscosity and the
numerous nuclcation sites such as multigrain juactions. The de-
creasing trend in the oxidation rate with time of the sintered a
material at higher temperatures coincides with the formation of a
layer of spherulitic cristobalite crystals at the growth interface
which apparently reduces the oxidant transport through the grow-
ing oxide. For the hot-pressed matenial. spherulitic crystallization
is followed by the apparent disruption of the cristobalite layer and
formation of fine scale crystals, presumably mullite. which altow
an increased flux of oxidant to the interface. Thus, a decreasing
trend in the oxidation rate was followed by a substantial wncrease
in the oxidation rate. These trends in oxidation behavior for the
polycrystalline materials are accentuated in long-term experiments
as determined by thermogravimetric analyses. The sintered mate-
rial exhibited a reduced parabolic growth rate atter 24 h while the
hot-pressed material cxhibited an increased parabolic growth rate
compared to the rates derived trom tilm thickness measurements ut
shonter times.
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The accumulation of creep damage in a siliconized silicon car-
bide was investigated as a function of applied stress, creep
strain, and microstructure. At 1100°C, creep damage was ob-
served to accompany deformation in specimens tested to creep
strains greater than 0.10%, under applied stresses greater than
137 MPa. At low creep strains, creep damage occurred in re-
gions of the microstructure of high silicon carbide content. As
deformation progressed, creep damsage extended into regions
of the microstructure of lower silicon carbide content. The
area density and area fraction of cavities were found to in-
crease linearly with creep strain. From these results, a thresh-
old stress for the formation of creep damage was determined to
be 132 MPa at 1100°C. It was suggested that the formation of
creep damage was controtied by the heterogeneous nuclestion
of cavities at the silicon—silicon carbide interface, with the
aid of high localized stresses and iron impurities in the sili-
con phase.
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I. Introduction

ILICON CARBIDE based ceramics are currently being considered

for high-temperature structural applications due to their good
mechanical strength and oxidation resistance at clevated tem-
peratures.'? One such material is siliconized silicon carbide.
Siliconized silicon carbide is a two-phase material whose micro-
structure consists of interpenetrating phases of silicon and silicon
carbide. The silicon phase is dispersed throughout the continuous
silicon carbide phase in either a continuous or noncontinuous ma-
trix, depending upon the amount of free silicon in the matenal.

Past investigations have shown that cavity formation or creep
damage occurs in some types of siliconized carbides under load at
elevated temperatures.> In these bend tests, the creep damage
was confined to the tensile side of the bend beams and increused
with deformation. Carroll and Tressler® have shown that this creep
damage can result in strength degradation at room temperature.
Wiederhomn er al.* have shown that creep damage can also lead to
strength degradation and failure at clevated temperatures. Since
strength degradation and delayed failure can occur in siliconized
silicon carbide, the accumulation of creep damage must be under-
stood as a function of deformation, before these materials can be
used in high-temperature structural applications.

Typically. deformation studies are conducted in bending. How-
ever, stress redistribution may occur in a bend beam during dcfor-
mation. Stress redistnbution is possible when a material exhibits
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Fig. 1. Optical micrograph of the as-received siliconized silicon carbide.

nonlinear crecp or a different creep rate in tension than in com-
pression.®” This process results in the reduction of the outer tensile
fiber stress with time. A changing stress state in the bend beam can
complicate an analysis of the creep behavior and the damage accu-
mulation process.

Many investigations have shown that stress redistribution does
occur in siliconized silicon carbides tested in bending at elevated
temperatures.**** Creep deformation studies in bending, con-
ducted by Wiederhom er al.* at 1300°C, have shown that silicon-
ized silicon carbide exhibits only primary creep at stresses less
than 200 MPa. At stresses greater than 250 MPa, they observed
primary creep with a transition to tertiary creep. The extended
primary creep behavior was a result of stress redistribution, which
reduced the outer tensile fiber stress of the bend beam. Therefore,
in order to avoid complications caused by stress redistribution,
investigations of creep deformation and damage accumulation
must be conducted in a uniform stress state.

The objective of this study was to investigate the creep behavior
of a siliconized silicon carbide under uniaxial tension and to quan-
tify the accumulation of creep damage as a function of defor-
mation. The results will be discussed in two papers. This paper will
deal with the accumulation of crecp damage as a function of stress,
creep strain, and microstructure. The subsequent paper will sum-
marize the creep results and discuss the contribution of creep
damage to the deformation process. "

II. Experimental Procedure

(1) Material

The material used in this investigation was a siliconized silicon
carbide* containing approximately 33.7 to 35.7 vol% free silicon
metal and 4- to 6-pm silicon carbide grains. An optical micrograph
of the as-received material is shown in Fig. |. The light gray
regions of the microstructure correspond to the continuous silicon
matrix while the dark gray regions are the silicon carbide grains.
No porosity was observed in the as-received material. The silicon
carbide grains are not evenly distributed throughout the micro-
structure. Some regions contain a higher density of silicon carbide
grains than the surrounding microstructure. A backscattered elec-
tron micrograph of a high-density silicon carbide region (Fig. 2)
revealed that a third phase is also confined to these areas. Energy-

*KX-01. Standard Oi! Engineered Mutenials Co.. Niagara Falls, NY.

Fig. 2. SEM micrograph of the as-received siliconized silicon carbide.
showing a third phase confined (o regions of the microstructure of high
silicon carbide content.

dispersive X-ray spectroscopy determined that the third phase
contained a high concentration of iron. Occasionally, a high con-
centration of titanium and vanadium is also found.

(2) Creep Tests

Creep tests were conducted in tension under stresses ranging
from 103 to 172 MPa at tempcratures of 1100° 10 1200°C in air. The
design of the tensile specimen was similar to the modified flat
dog-bone-shaped specimen used by Wakai er al." An electro-
optical extensometer was used to measure crecp deformation as a
function of time. The specimen design and testing technique will
be discussed in a companion paper. " Typically, tensile specimens
were deformed undcr a constant applied stress and temperature, to
adesired creep strain. The deformed specimens were then analyzed
using scanning and transmission electron microscopy to quantify
the amount of creep damage in the gauge sections.

(3) Quantitative Microscopy

The accumulation of creep damage was quantified by measuring
the area density and area fraction of cavities in each deformed
gauge section. The area density and area fraction of cavitics were
determined on two to three sections of each gauge length. The
gauge sections were cut paralle! to the stress axis. Each section was
polished to a |-um finish and examined with the scanning clectron
microscope. Fifteen equally spaced ureas along the center line of
cach longitudinal section were examined for creep damage. SEM
micrographs of each area were taken at a magnification of 500 x
for quantitative analysis. Each micrograph was enlarged to an
effective magnification of 1000% so that the area density and area
fraction of cavities could be easily determined.

The microstructural dependence _ - the creep damage process
was determined by examining the relationship betwcen the inter-
particle distance of the silicon carbide grains and the location of
creep damage in the microstructure, as a function of deformation.
In this analysis, approximately five arcas of a deformed gauge
section were examined at a magnification of 1000x. Each arca
contained approximately 1800 grains. In these sclected arcas of
microstructure, the average radius (r) of cach silicon carbide grain
with a cavity at its boundary was measured and normalized 1o its
average interparticle distance (d). The interparticle distance (d)
was defined as the distance between the centers of neighboring
silicon carbide grains. The size of the cavity was not included in
this measurement. The total number of grains which had a cavity
at its boundary, with a particular r/d range, was then normatized
by the total number of grains with cavities. This calculation re-
sulted in the fraction of grains with cavities, as a function of r/d.
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Fig. 3. SEM micrograph of creep damage in a specimen tested under a
stress of 172 MPa to a creep strain of 0.30%, at 1100°C.

The relationship between the silicon carbide interparticle distance
and the location of creep damage in the microstructure was deter-
mined by conducting this analysis as a function of creep strain.

HIL  Results

(1) Creep Damage

The microstructures of deformed specimens tested at 1100°C
under stresses ranging from 103 to 172 MPa were analyzed using
scanning electron microscopy. The results show that at the lower
stresses of 103 and 120 MPa, no observable microstructural
changes occurred in any of the deformed specimens. However, for
the specimens tested at the higher applied stresses of 137, 155, and
172 MPa, creep damage was observed to accompany deformation.
Figure 3 is a secondary electron image of the creep damage in a
specimen tested under an applied stress of 172 MPa to a creep
strain of 0.30% at 1100°C. Although the cavities which formed
during deformation were randomly distributed throughout the mi-
crostructure, they always formed at silicon~silicon carbide inter-
faces. No cavities were observed isolated in the silicon phase.
Generally, there was an absence of cavity coalescence, except in
locations near the fracture surfaces of specimens tested to failure.

(2) Area Density and Area Fraction of Cavities
The results of the area density and area fraction of cavities for
the specimens deformed under the various stress levels at 1100°C are
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Fig. 4. Area density of cavities as a function of creep strain at
1100°C.
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shown in Figs. 4 and 5, respectively. Both the area density and the
area fraction of cavities increased linearly with creep strain with
little or no stress dependence. The data points for the specimens
tested at the lower stresses of 103 and 120 MPa were omitted, since
no creep damage was observed under these stress levels. From
these results, it appears that a threshold creep strain may exist for
the formation of creep damage. A threshold strain of 0.10% is
approximately the creep strain at the transition from primary lo
secondary creep behavior. *° This result suggests that creep damage
does not form until the latter stages of primary creep behavior or
the initial stages of secondary creep behavior. To investigate this
point, a specimen was deformed under a stress of 172 MPa at
1100°C, to a creep strain of 0.05%. This test lasted for approxi-
mately 8 h and was terminated in the early stages of the primary
creep regime. Microstructural analysis of the specimen revealed no
creep damage.

Specimens tested at lower stresses, where creep damage was not
observed, were typically interrupted after reaching creep strains of
0.10% 10 0.12%. To determine whether creep damage would even-
tually form at the lower stresses at larger creep strains, a specimen
was defortned under a stress of 103 MPa to a creep strain of 0. 18%.
This test was conducted at a higher temperature of 1200°C so that
an appreciable amount of deformation could be obtained in a rea-
sonable amount of time (approximately 250 h). It was assumed
that the same rate-controlling mechanism for creep at {100°C con-
trolled deformation at 1200°C. This assumption is rcasonable since
the activation energies for steady-state creep are approximatcly the
same at 1100° and 1200°C for this stress level.""'> Microstructural
analysis of this deformed specimen revealed no creep damage.
Therefore, these results suggest that at [100°C, a threshold stress
for creep damage may exist between the applied stresses of 120 and
137 MPa.

(3) Threshold Stress for Creep Damage

A threshold stress for creep damage at {100°C can be predicted
by plocting the rate at which the area fraction of cavities develops
with time versus the applied stress (Fig. 6). The rate at which the
area fraction of cavitics developed with time was determined by
dividing the area fraction of cavities in the specimen by the total
time of the creep test spent above the threshold strain of 0.10%.
This analysis was only conducted for the specimens interrupted
during the secondary creep regime. The threshold stress for creep
damage can be estimated by extrapolating a line through the data
and determining the x intercept. A threshold stress of approxi-
mately 132 MPa is determined from this analysis. This result
suggests, at applied stresses below 132 MPa, that creep damage
will not occur during deformation. However, under applied
stresses greater than 132 MPa, creep damage will form and con-
tribute to deformation.
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Fig. 6. Rate at which the area fraction of cavities developed with
time versus applied stress, at 1100°C.

(4) Microstructural Dependence of Creep Damage

The accumulation of creep damage as a function of creep strain
is shown in Figs. 7(A) and (B). These specimens were tested at
1100°C under an applied stress of 172 MPa to creep strains of
0.30% and 0.75%, respectively. These micrographs show that at
low creep strains (Fig. 7(A)), cavities tend to form in clusters
throughout the gauge length. At higher creep strains (Fig. 7(8)),
the cluster regions are still evident but the density of individual
cavities has increased. A closer look at a cluster region (Fig. 8)
reveals that these cavities formed in the areas of the microstructure
containing a higher silicon carbide content. The individual cavi-
ties, however, were generally confined to regions of the micro-
structure containing a lower silicon carbide content. These results
suggest that at low creep strains, cavitics tend to form in regions
of the microstructure which contain a high volume fraction of
silicon carbide grains. At higher creep strains, cavities then tend to
form in regions of the microstructure of lower silicon carbide
content. In order to support this observation, a quantitative analysis

"If a matenal 13 composed of spherical grains of uniform size, the maximum
r‘ossibk r/d value is 0.5 when the spherical grains are in contact with each other.

owever, in the siliconized silicon carbide material, r/d values greater than 0.5 were
obtained because the size and shape of the silicon carbide grains varied.

Fig. 8. High magnification of a cavity cluster in a specimen tested under
172 MPa 10 a creep strain of 0.30%, at 1100°C.

involving the relationship between the location of creep damage
and silicon carbide interparticle distance was conducted, as de-
scribed in the Experimental Procedure.

The relationship between r/d and the location of creep damage
in the microstructure for two deformed specimens is shown in
Fig. 9. These two specimens were deformed under an applied stress
of 172 MPa at 1100°C to creep strains of 0.11% and 0.31%. [n this
analysis, large r/d values correspond to the arca of the micro-
structure of high silicon carbide content whereas small r/d values
correspond to regions of low silicon carbide content. At a creep
strain of 0.11%, the majority of the cavities formed at grains
with r/d values greater than 0.5." At the higher creep strain of
0.31%, the majority of the cavities formed at grains with lower
r/d values ranging from 0.3 to 0.5. These results confirm that
during deformation, cavities first form in regions of high silicon
carbide content and then extend into the regions of lower silicon
carbide content.

IV. Discussion

(1) Accumulation of Creep Damage
The results of the guantitative microscopy have shown that the

lation of creep Jdamage for specimens tested under a stress of 172 MPa, at 1100°C, to creep strains of (4) 0.30% . and (8 0.75%.
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Fig. 9. Fraction of grains in the microstructure with a particular
r/d range which formed a cavity at 1100°C. Specimens tested under
a stress of 172 MPa to creep strains of 0.11% (Q) and 0.31% (®).

area density of cavities increased linearly with creep strain with
little stress dependence. This result indicates that under applied
stresses where cavity formation occurs, creep damage accumulates
linearly with deformation. The continuous formation of creep dam-
age is most likely the result of load transfer in the material. During
creep deformation, the stress state in the siliconized silicon carbide
is nonuniform since the areas of high silicon carbide content cannot
deform as fast as the surrounding matrix."* This nonuniform stress
state makes cavity formation more energetically favorable in areas
of the microstructure where the stress concentrations are the high-
est. When a cavity forms, the stress carried across that boundary
is transferred to the surrounding matrix. This localized load trans-
fer changes the stress state throughout the material, thus making
cavity formation more energetically favorable in other areas of the
microstructure. This load-transfer process enables creep damage to
accumulate with deformation.

A linecar relationship was also observed in the area fraction
results as well as the area density results. This relationship sug-
gests that once cavities form, they must grow very rapidly to an
equilibrium size, whereupon further growth with creep strain is
minimal. If significant cavity growth had occurred with defor-
mation, an exponential relationship would have been observed in
the area fraction results. Microstructural evidence supports this
conclusion. There is no observable difference in cavity size for
specimens deformed to creep strains of 0. 11% and 0.75%. The size
of all cavities was limited to the length of the silicon carbide grain
facets. This maximum size suggests that the cavities are limited
by the constraint imposed by the silicon carbide grains. Since no
cavities smaller than the silicon carbide grain facets were observed
in this analysis, cavity growth must occur very rapidly under these
test conditions. This result suggests thac cavity growth is not the
limiting step in the formation of creep damage in this material.

(2) Formation of Creep Damage

In order to provide more information about the formation of
creep damage, transmission electron microscopy was used to in-
vestigate the cavity formation process in deformed specimens.
Many attempts were made to view the creep damage process in its
early stages of formation. However, this analysis proved to be
fruitless, since ali of the observed creep cavities had already grown
to the size of the silicon carbide grain facet. The lack of evidence
for the early stages of cavity formation, again, supports the conclu-
sion that cavity growth occurs very rapidly in this material. The
only evidence suggesting how creep damage forms is shown in
Fig. 10. This figure shows the latter stages of cavity formation in
the intergranular silicon phase between two silicon carbide grains.
On this boundary, a large cavity has already grown the length of
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Fig. 10. TEM microg
tween two silicon carbide grains.

raph of cavity formation in the silicon phase be-

the silicon carbide grain facet. This portion of the boundary is the
only remaining ligament in the silicon phase. The formation of
creep damage appears to be the result of multiple cavity nuclei in
the silicon phase growing together to form a large cavity. In the
as-received material, preexisting cavities or voids of this type are
not observed along these boundaries. '’ Therefore, the formation of
creep damage may be controiled by the nucleation of these cavities.

If the formation of creep damage is nucleation controlled, the
threshold stress for creep damage predicted in Fig. 6 describes that
stress level below which the rate of cavity nucleation becomes
infinitesimally small. in order to determine whether cavity nuclea-
tion can occur in this material at 1100°C for applied stresses greater
than the threshold, the rate of cavity nucleation was calculated
using nucleation theory.

If the cavities are assumed to nucleate heterogeneously at the
silicon-silicon carbide interface, the rate of nucleation (#) is pro-
portional to"

- (—lé‘rr}';. 2 + cos O) (1 - cos OF
" %P\ ST n
(1)

where ¥s; is the surface energy of the silicon, o, is the local stress
in the boundary phase, k is Boltzmann's constant, T is tem-
perature, and O is the contact angle of nucleation. The cos © term
is determined by the surface encrgics of the silicon (ys,), silicon
carbide (ys.c), and silicon on silicon carbide (ysi-s¢) dccording to
the equation™

Ysi-sic ~ Ysic @
75|

In the literature, there are no values for these surface energy terms
at 1100°C. However, these surface energy terms have been meas-
ured above the melting point of silicon. Barsoum er ul.'® have
determined vs;, ¥sic, and ysi—sic {0 be approximately 0.8, 1.8, and
1.2 J/m’, respectively, at 1430°C. Using these values, and as-
suming that the local stresses in the boundary phase are twice the
applied stress,"" the rate of heterogeneous nucleation for the
stress levels used in this study is predicted to be infinitesimally
small, since the exponential term in Eq. (1) is <€1. However, the
rate of cavity nucleation is very sensitive to the ocalized stress and
surface energy of the silicon phase.

According to Argon et al.,'” a material undergoing creep de-
formation can develop very large, localized transient stress con-
centrations from grain-boundary sliding events. During the early

cos © =
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stages of grain-boundary sliding, localized stresses as large as
10 to 20 times the applied stress can develop at the grain boundary.
These stress concentrations can make cavity nucleation ener-
getically favorable at the applied stresses observed in this study,
panicularly when the effects of iron impurities on the surface
energy of silicon are considered.

Figure 2 revealed that regions of the microstructure which con-
tain the highest volume fraction of silicon carbide also contain high
concentrations of iron. Since creep damage tends to also form in
these areas, the impurities may assist the cavity nucleation process
by reducing the surface energy of the silicon boundary phase. Ness
et al." have shown that these regions of high iron content in
reaction-bonded siliconized silicon carbides can take the form of
low-melting iron silicides. If iron silicide is present along these
boundaries, the combination of the high transient stresses from
grain-boundary sliding and the reduction in the surface energy of
the boundary phase may make cavity nucleation energetically fa-
vorable at the applied stresses observed in this study. Further
transmission electron microscopy is needed to investigate the role
of iron impurities in the cavity nucleation process.

In this study, the threshold stress for creep damage was deter-
mined to be 132 MPa at 1100°C. If the threshold stress for creep
damage is nucleation controlled, the threshold stress should de-
crease with increasing temperature. Wiederhom er al. * have shown
that the threshold stress in this siliconized silicon carbide does
decrease at higher temperature. They determined the threshold
stress for creep damage (o be approximately 100 MPa at 1300°C.

(3) Microstructural Dependence of Creep Damage

The results of the interparticie distance analysis indicate that at
low creep strains, creep damage tends to form in areas of the
microstructure of high silicon carbide content. These areas of high
silicon carbide content are the preferred sites for creep damage at
low creep strains, due to the high localized stresses and high
concentration of impurities. High localized stresses develop in
these regions from two processes. First, since the arcas of high
silicon carbide content cannot deform as fast as the surrounding
matrix which contains more silicon, an overall stress concentration
develops in these heterogeneities. Dalgleish er al. " have shown
that localized stress concentrations can occur in microstructural
heterogeneitics when the viscosity of the heterogeneities differs
from that of the matrix. This process can increase the overall
localized stress in the heterogeneities to approximately twice the
applied stress. The second process which leads to stress concen-
trations is grain-boundary sliding. When two silicon carbide grains
tend to slide over one another, large, localized stresses develop in
the boundary phase. These transient stress concentrations develop
because there is an insufficient supply of silicon to flow into the
boundaries, to accommodate the volume increase associated with
grain-boundary sliding. Argon et al."” have reported that grain-
boundary sliding can result in stress concentrations of 10 to 20 times
the applied stress. A combination of these high localized stresses
and impurities enables the regions of high silicon carbide content
to be the preferred sites for creep damage at low creep strains.

As cavity formation occurs during deformation, the load is trans-
ferred from the regions of higher silicon carbide content to the
regions of lower silicon carbide content. This [oad-transfer process
enables creep damage to be more prevalent in regions of lower
silicon carbide content, at the higher creep strains.

Accumulation of Creep Damage in a Siliconized Silicon Carbide 471

V. Summary

The accumulation of creep damage in a siliconized silicon car-
bide was investigated as a function of applied stress, creep strain,
and microstructure. At 1100°C, creep damage was obscrved to
accompany deformation in specimens deformed 10 creep strains
greater than 0.10%, under applied stresses greater than 137 MPa.
The location of creep damage in the material was found to be
microstructurally dependent. At low creep strains, creep damage
occurred in regions of the microstructure of high silicon carbide
content. As deformation progressed, creep damage then formed in
regions of the microstructure of lower silicon carbide content.

The area density and area fraction of cavities were found to
increase linearly with creep strain. This linear dependence indi-
cates that once a cavity forms, it must rapidly grow 10 an equilib-
rium size. The maximum size of the cavities was limited to the
size of the silicon carbide grain facet. A threshold stress for creep
damage at 1100°C was determined to be 132 MPa from the area
fraction resujts. This threshold stress is an indication of that stress
below which the rate of cavity nucleation is essentially zero. The
nucleation of creep damage was suggested to occur heterogencously
at the silicon-silicon carbide interfaces with the aid of high local-
ized transient stresses and iron impurities in the silicon phase.
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Y Threshold Stress Intensity for Crack
TRV Growth at Elevated Temperatures in a

Silicon Nitride Ceramic

MICHAEL R. FOLEY* and RICHARD E. TRESSLER"
Department of Materials Science and Engineering, The Pennsylvania State University,

University Park, PA 16802

The flaw behavior in an as-machined and oxidized hot
isostatically pressed silicon nitride (HIPSN) under static
load was investigated at various siress intensities, times, and
temperatures. Flaw origins were of the pore/cavity type and
iron-based inclusion rxpe. There was no strength increase or
degradation in as-machined and oxidized specimens static
loaded for 10 h at 1100°C in air below the threshold stress
intensity. The threshold stress intensities for crack growth at
1100°C were determined to be (.75 and 2.00 MPa - m’” for
the as-machined and oxidized HIPSN, respectively. A
strength decrease with increased applied siress was observed
in as-machined specimens static loaded ar 1200° and 1300°C
in air. This effect is due to the creation of a new flaw
population with more severe flaws. Threshold stresses of 160
and 90 MPa were observed at 1200° and 1300°C,
respectively. Oxidized HIPSN does not experience any
strength degradation when static loaded a1 1200°C below a
threshold stress intensity of 1.50 MPa - m'*. The oxidation
treatment causes microstructural changes in the ceramic,
resulting in a marerial with improved creep and crack
growth resistance.

Silicon nitride-based ceramics are being studied for high-
temperature structural applications such as gas turbine engine
components. By using these ceramics. the new high-efficiency
heat engines can be operated at temperatures higher than allowed
by current superalloys. Silicon nitride is an excellent candidate for
this application because of its high strength-to-weight ratio, re-
tained strength at elevated temperatures, and good oxidation, cor-
rosion, and thermal-shock resistance.

Polycrystalline ceramics such a silicon nitride-based ceramics
are susceptible to subcritical or slow crack growth in severe atmos-
pheres and/or at elevated temperatures.'™ As in most ceramics,
silicon nitride components will contain flaws cither intrinsic from
processing or extrinsic from machining, etc. The growth of these
flaws to a critical size when subjected to mechanical or thermal
stresses leads to catastrophic failure.

Knowledge of the short-term strength and fracture toughness
of the material is essential for design purposes, but these properties
do not explain how a material will behave over extended periods
of time under loads well below the fracture stress or critical stress-
intensity load levels. Determining the existence and estimating the
value of a threshold stress intensity (static fatigue limit) below
which no crack growth will occur is of great engineering impor-
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tance. One could design structural ceramics to be used at service
stresses or stress intensities below this limit so that theoretically
the component would never fail. Most of the early work on thresh-
old values was done on amorphous materials. Only recently have
investigators studied polycrystalline non-oxide ceramics such as
SiC and Si;N,.*" This investigation was undertaken to estimate
the value of the static fatigue limit and study the behavior of flaws
in a hot isostatically pressed silicon nitride (HIPSN) material at
elevated temperatures in air.

EXPERIMENTAL PROCEDURE

SAMPLE PREPARATION

The modified static load technique used in this study has
been fuily described by Minford and co-workers.>™ It involves
heating the sample to test temperature, rapidly loading to a pre-
determined static load level, and maintaining that load level for a
specified time. If the sample does not fail during the soak time, it
is rapidly loaded to failure at the test temperature. This technique
directly measures the effect of an applied stress intensity during
static loading on the fracture stress which reflects any changes in
flaw severity.

The material used for this investigation was a commercial
silicon nitride* which contains alumina and yttria as densification
aids and is one of the leading candidate materials for use in tur-
bocharger rotors. The HIPSN material was received in rectangular
billets measuring =20 by 30 by 5 mm. Tests specimens were cut
from the billets using an 8-in. continuous resin bonded diamond
cutoff wheel. The major faces of the samples were surface-ground
to a 600-grit finish. Tensile surface edges were hand-beveled using
a 15-um diamond disk to climinate any edge checking flaws that
may have formed during grinding. The final test bar dimensions
were =4 by 2 by 30 mm.

To determine the effects of oxidation on the threshold stress
intensity, several samples were oxidized ia air for 15 h at 1200°C.
To characterize the initial condition of the samples, 33 samples
were fractured at room temperature in air using four-point [oading
with upper and lower spans of 5.2 and 19.7 mm, respectively. The
stressing rate used during testing was =30 to 35 MPa/s. To better
define the critical flaw size in this material, the remaining samples
were proof-tested in {iquid nitrogen. The proof testing was done to
truncate the flaw-size distribution. thereby allowing one to obtain
well-defined threshold stress-intensity values. Strength distribu-
tions were also obtained on as-machined and oxidized samples at
1100°, 1200°, and 1300°C in air. Fracture surfaces examined by
electron microscopy revealed two types of flaw origins: iron-based
inclusions and pore/cavity type flaws. Typical flaw origins are
shown in Fig. 1.

The elevated temperature load train assembly consisted of
alumina rams entering the fumnace from the top and bottom and
hot-pressed magnesia-doped silicon nitride knife edges with the
aforementioned dimensions.

TESTING

Fracture toughnesses were determined by a controlled-flaw
technique. A Knoop indentation was introduced into the surface of
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Fig. 1. Scanning clectron micrographs of the fracture surface of the AY6 material fractured at room temperature in air; (A) secondary clectron image at
X600, o, = 650 MPa and fracture origin = iron-based inclusion and (B) secondary clectron image at X600, o, = 993 MPa and fracture

origin = pore/cavity (bars = 10 um).

a four-point bend specimen. The indent was polished off to remove
residual stresses, leaving behind only a subsurface crack. The
specimens were heated to temperature and fast-fractured in the
four-point bend configuration stated earlier. Flaw sizes were meas-
ured using both electron and optical microscopy. The K¢ values
for the oxidized specimens were measured using samples oxidized
after indentation.

The average fracture stress and fracture toughness at cach test
condition were used to calculate the average critical flaw size. This
flaw size was used to calculate the load required to apply the
desired initial stress intensity. The test bars were loaded into the
fumace and the knife edges aligned prior to heat up. All testing was
done in air. Furnace heat up to test temperature took =20 to
30 min. Because of thermal expansion during heat up, the test
specimens were kept under a small load (1 to 2 lbs) to keep the
knife edges aligned. The assembly was held at temperature for 10
to [S min before starting the test to allow the sample and loading
assembly to reach thermal equilibriuim. The sample was then
loaded to the precalculated level, which fixed the initial applied
stress intensity. The load was maintained for the desired length of
time, after which the load was increased at the fast fracture stress-
ing rate until failure occurred.

Since the sample is loaded to failure directly from the static
load level, the changes in flaw severity are examined without the
complicating factors of changes in temperature or unloading the
specimen prior to fracture. One can observe the fracture stress as
a function of initial applied stress intensity, which directly yields
the threshold value. Also one can select the time scale of the test
such that all samples loaded above the threshold stress intensity fail
during static loading.

RESULTS

The modified static load technique was applied to estimate
the threshold stress intensity for crack growth at 1100°, 1200°, and
1300°C in air for the HIPSN.

RESULTS OF 1100°C EXPERIMENTS

As-Machined Samples. Samples were tested at various initial
stress intensities (K,,) at 1100°C in air for static load times of 2 and
10 h. Figure 2 shows the results of as-machined samples static
loaded for 10 h. Plotted at an initial stress intensity of zero are
samples fractured at 1100°C in air with no prior static loading. The
symbols and error bars represent the mean fracture stress and
95% confidence interval, respectively. There is no significant
change in the mean fracture stress over the range of K|, from 0.5
to 1.50 MPa - m*?. The first evidence of mixed behavior is seen
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ata Xy, of 1.75 MPa - m"? in that one of five samples failed during
static loading. At slightly higher K, values, there is still some
mixed behavior, but at K, = 2.5 MPa - m"? all sampies failed
during static loading, most within minutes of reaching the static
load level. The threshold stress intensity (static fatigue limit)
is indicated by the first evidence of mixed behavior, i.c.,
Ki. = 1.75 MPa - m'?. The range for K., shown is due to the
range of flaw sizes for HIPSN calculated from the strength distri-
bution at 1100°C in air. The Kic arrow shown on the figure indi-
cates the fracture toughness at the test temperature and specimen
conditions (i.c., [100°C and as-machined in this case).

‘The plot for the 2-h test is not shown here, since behavior
similar to the 10-h test was observed. The only difference was the
stress level at which the first evidence of mixed behavior occurred.
The threshold stress intensity value was at 2.0 MPa - m"?. Be-
cause of the static load time exposure increase from 2 to 10 h, the
Ky, value at 10 h (1.75 MPa + m"?) is considered to be a more
accurate and conservative estimate than the 2-h value. Note also
that, because there is no significant change in the mean fracture
stress with increased K, up to Ky, it is assumed that the strength-
limiting flaw population is unchanged.

800 T Y T T v T Y

7001 QI‘I. 7
:u- EIC . o
£ Soof :
~ .
w L.
b 500 vs 1
w | §
X «oof M .
o v

A A
w » o
o 300 1~
= -
O 200} LIPS .
b
[+ 4
“ 100} Ke
0 1 . 1 " 1 " 1 l
0.0 1.0 2.0 3.0 4.0

INITIAL STRESS INTENSITY (MPgsvm)

Fig. 2. Effect of initial applied stress intensity on fracture stress of as-
machined HIPSN at 1100°C in air; static load time: {0 h. (® Tested after
proof testing, no prior static loading; @ tested after static loading; ¥ failed
during static loading; and 24 indicates the number of samples tested.)
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Fig. 3. Effect of initial applied siress intensity on fracture stress of oxi-
dized HIPSN at 1100°C in air; static loud time: 10 h. (8 Tested after proof
testing, no prior static loading; ® tested after static loading: ¥ failed during
static loading; and 24 indicates the number of samples tested.)

Oxidized Samples. Again samples were tested for static load
times of 2 and 10 h. Figure 3 shows the results of the 10-h test,
There was basically no difference between the 2- and 10-h tests.
Both showed no significant change in mean fracture stress with
increasing K, up to 2.0 MPa - m"?, where the first evidence of
mixed behavior was observed, i.e., K, = 2.0 MPa - m"%. Note
that, even though the initial strength (i.e., K = 0) of the as-
machined sampies is greater than that of the oxidized samples,
statistical analysis using the Students’ t-test (comparison of means)
showed no significant difference in the mean fracture stress be-
tween the as-machined and oxizided specimens at 1100°C.

RESULTS OF 1200°C EXPERIMENTS

As-Machined Samples. Static load tests were performed on
the as-machined HIPSN material at 1200°C in air; again exposures
were 2 and 10 h. Similar behavior was observed for both test times.
Figure 4 shows the results for tests done with a static load time of
10 h. There is a sharp decrease in mean fracture stress with in-
creasing initial applied stress intensity. Estimates of K\, for the 2-
and 10-h tests are 1.45 and 1.00 MPa - m"?, respectively.

Oxidized Samples. The same tests were performed on oxi-
dized HIPSN at 1200°C. The 2- and 10-h tests showed identical
behavior, i.e., no significant change in mean fracture stress with
increasing K;; up to the Ky, value of 1.50 MPa - m"?. This behav-
ior is shown in Fig. 5. Again note that statistical analysis showed
no significant difference in the mean fracture stress at X, = 0
between the as-machined and oxidized samples ai 1200°C.

The differences in K\, values between the as-machined and
oxidized materials during static load testing must be due to a
microstructural change. The decreasing mean fracture stress with
increasing K, for the as-machined samples is thought to be due to
the creation of a new flaw population which produced flaws that
were more severe. This new flaw population could easily have
been created at this temperature because of creep cavitation. The
work of Tighe and co-workers,*** Grathwoh!," and Quinn'*"* has
identified this process. The 10-h test of the as-machined specimens
amplifies the effect of the new flaw population over the 2-h test,
as indicated by the large drop in K|, for the 10-h test. Note that,
because of the creation o1 new flaws, the sizes of which are not
well-characterized, the actual K, values used during testing were
different from those calculated from the original flaw population.
Therefore, it would be more informative to record the effect of
initial applied stress on the fracture stress for the as-machined
specimens.

The fact that the oxidized samples do not experience the same
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during static loading: and 24 indicates the number of samples tested.)

detrimental effects during static loading at 1200°C as did the as-
machined samples probably results from an oxidation-induced mi-
crostructural change. This change may have been accomplished by
(1) annealing or healing of the critical flaws originally present
and/or (2) producing a more creep-resistant material . If the original
flaws were blunted, it would take higher apparent stress intensities
to cause crack growth, i.e., an apparent shift of K,, to higher
values. Also at this temperature it is wel! known'*"" that additives
and impurities such as Fe, Al, and Y present in the grain-boundary
phase diffuse toward the surface. This rejection of impurities from
the grain boundaries creates a more refractory grain-boundary
phase, and thus, produces a more creep-resistant material.

RESULTS OF 1300°C EXPERIMENTS

Figure 6 shows the results of as-machined specimens static-
loaded for 2 h at 1300°C in air. Decreases in mean fracture stress
with increasing K, are again observed. The apparent K. is
1.00 MPa - m"? with a 95% confidence interval of 0.9 to
1.13 MPa - m"Z. The drop in mean fracture stress also suggests the
creation of a new population analogous to the behavior of the
as-machined specimens at 1200°C. Again, it is more informative to
look at the effect of applied stress on the fracture stress for the
as-machined samples at 1300°C. The plotted apparent K|, values
are not correct because of the creation of new fluws during static
load testing. Note that some of the HIPSN samples plastically
deformed enough to zontact the lower knife edge support
beam before failure. Because of the very low fracture stresses
(<250 MPa) and plastic deformation under load, no further static
load testing at 1300°C was performed.

DISCUSSION

It is well-known? that using certain densification aids for
sintering of ceramics can produce a fully dense material with a
glassy grain-boundary phase. It is this grain-boundary phase that
when subjected to loads at elevated temperatures can have deleteri-
ous effects on the mechanical properties of the bulk matcrial.

Powder XRD revealed B-Si,N, as the only crystalline phase
in this material. Therefore, it is reasonable to assume that the yttria
and alumina used to promote densification of the Si;N, material is
present as a glassy grain-boundary phase either as a thin film at two
grain junctions or pockets at three and four grain junctions. When
a material such as HIPSN is subjected to stresses at high tempera-
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static loading; and 24 indicates the number of samples tested.)

tures, cavities can nucleate and grow in this second phase. The cavi-
ties will eventually grow and coalesce to form cracks and finally
lead to catastrophic failure.

In this study well-defined estimates of the threshold stress
intensity were observed at 1100°C for as-machined and oxidized
HIPSN as well as at 1200°C for the oxidized HIPSN. In attempting
to rationalize these K, values and keeping in mind that failure is
predominantly intergranular at these temperatures, various models
for crack growth can be examined for applicability to the HIPSN
material as Chuang et al. ** have done for silicon carbide ceramics.
The threshold stress intensity as shown in Fig. 2 lies between 1.63
and 1.89 MPa-m"“2. A model by Hull and Rimmer® described a
critical stress for cavity growth by a vacancy flux at the grain
boundary in the absence of a grain-boundary phase which is clearly
not applicable to the present material.

A diffusive creep model of creep crack growth through the
formation of cavities oa the grain boundaries was developed by
Chuang.?' Again, the presence of a grain-boundary phase which
controls the initiation of crack growth is not explicitly treated in
this model.

Lange™ presented a simplistic model for slow crack resulting
from grain-boundary separation in a system with a viscous bound-
ary phase. Assuming the existence of voids in the boundary, the
critical stress necessary for void growth is

4y,

o= m
where v, is the solid-vapor surface energy of the boundary phase
and d, is the grain-boundary width. This expression in terms of the
threshold stress intensity is

8M ¢ [T
e (2)(2)"

where M is 1.03 (a geometrical constant for flaw shape and ¢ is
the flaw size.

The threshold stress intensity predicted by this model using
either available data from the literature or data obtained from this
investigation is presented in Table I along with the experimentally
determined value of K, at 1100°C. Lange’s model overestimates
the observed threshold value for HIPSN at 1100°C in air. However,
the data used in this calculation are approximate values in some
cases and the model is very approximate. Clearly, a retined model
and accurate values for the physical and chemical parameters are
required to better reconcile the experimentally observed threshold
stress-intensity values.
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SUMMARY

The modified static loading technique for estimating threshold
stress intensitics was applied to as-machined and oxidized HIPSN
at 1100°, 1200°, and 1300°C in air. The values were estimated to

"be 1.75 and 2.00 MPa-m"? at 1100°C in air for the as-machined

and oxidized HIPSN, respectively. There was no significant change
in mean fracture stress with increasing K, up to K, at this tem-
perature, indicating that neither flaw-blunting nor flaw-growth
processes were occurring.

A significant decrease in mean fracture stress with increasing
applied stress was observed for as-machined HIPSN static loaded
at 1200° and 1300°C in air. It is believed that creep cavitation is
occurring in this material at these temperatures in air resulting in
changes in the flaw population, which renders this experimental
technique invalid. The oxidized HIPSN does not experience any
strength degradation when static loaded at {200°C in air. The
oxidation treatment prior to testing is thought to produce micro-
structural changes in the HIPSN resulting in a material with im-
proved creep and crack growth resistance.

REFERENCES

'S. M. Wiederhomn, “Subcritical Crack Growth in Ceramics™: pp. 613-46 in
Mechanics of C ics, Vol. 2. Edited by R. C. Brandt, L.D.P. Hasselman,
F.F. Lange. Plenum Press. New York, 1974,
'G.D. Quinn and J. B. Quinn. "Slow Crack Growth in Hot-Pressed Silicon
Nitride"; pp. 6033-636 in Fracture Mechanics of Ceramics. Vul. 6. Edited by R.C.
BMWJ A.G. Evans, D. P. H. Hasselman, and F. F. Lange. Plenum Press, New York,

*T.M. Yonushonis, “Crack Propagation in Silicon Nitride Cerumics™. M.S.
Thesis. The Pennsylvania State University, University Park, PA, May 1976.

*T. E. Easler, "Environmental Effects on the Strength Distributions of Silicon
Carbide and Silicon Nitride™; M.S. Thesis. The Pennsyivania State University, Uni-
versity Park. PA, August 1980.

SE. ). Minford and R. E. Tressler. “Determination of Threshuld Stress Intensity

E-:

Table 1. Comparison of the Threshold Stress Intensity for
Crack Growth Predicted by the Lange Model and the
Experimentally Observed Value at 1100°C

Calculated Estimated (lrom mehl
Model K\, (MPa-m'?) Ky, (MPa-m'")
Lange 3.70 1.75

NOTE: M = 1.03(23).c = 20.7 x I4°* mP,,=|a(m-OlUMPa Yo =
Y, -035N/mfors|lu.a(e (Ref. 22). p, = 10 X 10°* m (Ret. %4,
E-’7030h@llaPCv-0 7t and d, = 2 X 107 m (Ref. 251,

385

ettt e



Growth st High Temperature in Silicon Carbide Ceramics,” /. Am. Ceram.
Soc.. 66 5] 33840 (1983).

*E. J. Mulold.DM Kupp. and R.E. Tmslet "Smwaml..xmurorSw
Silicon Carbide u Elevated Temperatures.” f11) 769~73.

R. E. Tressler, E. J. Minford, and D. F. Cmoll “Static Fatigue Limit for Silicon
CMMCM—MBM‘"FIIWM pp- 551-63 in Creep and
Fracure and Structures Part 1.

i

Edued by B. Wilshire and

D.RJ&CE:%M Swi , UK, 1984.

W) T ) Chuang, and C. L. McDaniel. “"Creep
Caviation Crack Growth in Silicon Nitride™; pp. 587-604 in Deformation of
$::ui;:“l:-uinbu.£di~dbyk£ Tressles and R. C. Bradt. Plenum Press, New

*S. M. Wiedethom, N.J. Ti Chuang, C.L. McDaniel, and E.R,
Fullu.lt.."s::mnlkelnu BnuleMucmlaH Temperaures,” National
Buresu of Standards Ti 10464 (1983).

%S M. Wneduhn and N. f"r‘*.
Hos-Pressed Silicon Nitride st Elevaied Temperatures,” J. Am. Ceram. Soc
884-39 (198)).

"G. Grathwohl. “Regimens of Creep and Slow Crack Growth in High Tem-
perature Rupture of Hot-Pressed Silicon Nitride™: pp. S73-86 in Ref. 8.

G, D. Quian, “Static Fatigue in Hi PetfomunceCam presenied &
ASTM Confereace. San Francisco, CA (1

“G.D. ﬁmeecﬁumnMapfcerhundSulmdee‘
presenied at » Ansual Conference of the Ceramic-Metal Systems Division,
Cucoa Besch. FL (1984).

“H. Du; privaie communication.

18] E. Siebels, "Oxidation and Strength of Silicon Nitride and Silicon Carbide™;

unl Relisbility of Ynnl-mrnd

R4

793-804 in Cenm.c: for High Performance Applications 111 Reliability. Edited
g‘;EMl.ewe N. Katz and 1. ). Burke. Plenum Press, New York. 1983.
S . “Oxidation and Corrasion-Erosion Behavior of Si sN, and SIC™;
pp. $53-48 in Ceramics for Hi Performance Applications. Edited by J.J. Burke,
and R.N. Kauz. Brook Hill, Chesmat Hilt, MA, 1974.
g, C. Slu;hal “Oxidation of Silicon Niwide and Related Materials™
.;877607-26 in Nitrogen Ceramics. Edited by F. L. Riley. Noordholf Intemational.
'*D. R. Clarke and F.F. Lux “Oxidation of Si;N, Alloys: Relation to Phase
uil lbru in the System SiyN,-Si0,Mg0.” J. Am. Ceram. Soc.. €3 [9-10] 586-9)

[§]
"l’ -i. Cl'mn; R.E. Tressler, and E. J. Minford, “On the Siatic Fatigue Limit
at Elevatod Temperatures,” Mater. Sci. Eng.. 82, 187-95 (1986).
%D, Hull and D.E. Rimmer. “The Growth of Grain Boundary Voids Under
Sm Plulo: Mag., 4, 673-87 (19%9).
CM.IT “A Diffusive Crack Growth Mode! for Creep Fracture,” /. Am.
Cemm Soc 2] 93--103 (l902‘! of Polyerysials with a L.
Deformation yery with a Liquid Boundary
Phas: pp Jol-mmbeldeliumls Edited by R. C. Bradt and
R.E. Tressler. Plenus Press, New York, 1975
B3, 3. Petrovic, L. A. Jacobson, P. K. Talty, and A. K. Vasudevan, “Controfled
Surface ﬂlmmlh(huudSl,N " J. Am. Ceram. Soc.. 58 (3-4] 113-16 (1975).
MK D. McHenry, “Elevated T Slow Crack Growth in Hot Pressed
and Sintered Silicon CM Ph.D. Thesis. The Pennsylvania Sate University,
University Park, PA. May 1979.
”RLTmandeuj “Creep Fi C ing Small A
of a Liquid Phase.” Actu Metall., 38, I043-58 (1982)

ADVANCED CERAMIC MATERIALS, VOL. 3, NO_ 4, 1988 (» ACurS)




EFFECT OF CREEP DAMAGE ON THE TENSILE CREEP BEHAVIOR
OF A SILICONIZED SILICON CARBIDE *

D. F. Carroll and R. E. Tressler

The Pennsylvania State University
Department of Materials Science and Engineering
University Park, PA 16802

*This work was partially supported by The U. S. Army Research Office,
Metallurgy and Materials Science Division.




ABSTRACT

The tensile creep behavior of a siliconized silicon carbide was
1nvestiga£ed in air, under applied stresses of 103 to 172 MPa for the
temperature range of 1100 to 1200°C. At 1100°C, the steady-state stress
exponent for creep was approximately four under applied stresses less than
the threshold for creep damage (132 MPa). At appiied stresses greater
than the threshold stress for creep damage, the stress exponent increased
to approximately ten. The activation energy for steady-state creep at 103
MPa, was approximately 175 kJ/mole for the temperature range of 1100 to
1200°C. Under applied stresses of 137 and 172 MPa, the activation energy
for creep increased to 210 and 350 kJ/mole, respectively, for the same
temperature range. Creep deformation in the siliconized silicon carbide
below the threshold stress for creep damage, was determined to be .
controlled by dislocation processes in the silicon phase. At applied
stresses above the threshold stress for creep damage, creep damage
enhanced the rate of deformation, resulting in an increased stress
exponent and activation energy for creep. The contribution cf creep
damage to the deformation process was shown to Increase the stress

exponent from four to ten.

INTRODUCTION

The formation of creep damage or cavities during deformation at
elevated temperatures has been observed in a wide variety of materials
such as silicon nitrides,!'? aluminas,?® glass ceramics® and siliconized
silicon carbides.3~7 1In these studies, the stress exponents!~’ and

activation energies®:3:% for steady-state creep have been observed to
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increase when creep damage accompanied deformation. The increase in the
stress exponents and activation energies for creep is the result of an
enhanced éreep rate produced by the formation of creep damage. Since
creep damage influences the creep rate, it is important to understand how
creep damage contributes to the deformation process in order to develop
models that predict the creep rupture behavior of these materials.

In a previous paper, creep damage was shown to accompany
deformation in a siliconized silicon carbide at 1100°C, when the material
was deformed under applied stresses greater than 132 MPa, to creep strains
greater than 0.108.%° This paper will describe the tensile creep behavior
of this siliconized silicon carbide under applied stresses above and below
the threshold stress for creep damage. The contribution of creep damage
to the deformation process is discussed with particular emphasis on the

stress exponent for steady-stace creep.

EXPERIMENTAL PROCEDURE
(1) Material and Specimen Design

The siliconized silicon carbide® examined in this study contained
approximately 33.7 to 35.7 volume percent free silicon metal with the
remainder of the material composed of silicon carbide grains, four to six
microns in size. The microstructure of this material was characterized in
a previous paper.®

Tensile creep specimens were cut from rectangular blanks,
approximately 76.2 x 12.7 x 2.5 mm in size with a 320 grit finish, using a

wire EDM (electro-discharge machining) technique. The design of the

8KX-01, Standard Oil Engineered Materials Company, Niagara Falls, NY.




tensile specimen is shown in figure 1. This design was similar to the
modified flat dogbone-shaped specimen developed by Wakai et al.? The
specimen has two target urms and a gauge length of approximately 17.5 mm.
The two holes in the specimen were used to pin the specimen to the loading
system. It was very important that the holes were machined directly on
the centerline of the specimen and machined to a uniform smoothness. A
bending moment could be produced during loading if the pins did not sit

properly in the holes or if the holes were offset from the center line.

(2) Loading System

Figure 2 is a schematic of the tensile loading system. The tensile
specimen was attached to the two siliconized silicon carbide® grips using
sintered alpha silicon carbide® pins. The pin and grip arrangement was
located inside the furnace and resided at the test temperature. The two
grips extended outside the furnace and were connected to two universal
joints and the other parts of the loading system. The load was applied to
the specimen by hanging the appropriate weights from the loading platform.
This loading system was designed to load the creep specimens under tensile
conditions with a minimal bending moment. In order to determine the
amount of bending introduced into the specimen, strain gauges were mounted
to all four sides of the gauge section and a stress of 69 MPa was applied.
The elastic strains on the four sides of the specimen were measured to be
within 2% of each other. This value corresponds to a maximum stress
FE;;;E;;T_Norton Company, Worcester, MA,

“Hexolloy SA, Standard Oil Engineered Materials Company, Niagara Falls,
NY.




variation in the gauge section of approximately 1.4 MPa, at this load

level,

(3) Measurement Technique

The creep elongation of the specimen was measured using an optical
extensometer.? The optical extensometer focused on the two target arms of
the tensile specimen through a fused silica window in the furnace. The
target arms of the specimen were back-lighted using a halogen light source
that was transmitted through another fused silica window located directly
behind the specimen. The optical extensometer could detect the shadows of
the two target arms using photo-cathode screens. As the target arms moved
apart during the creep test, the optical extensometer followed their
movement, producing an vutput proportional to the displacement. The

resolution of this device was approximately one micron at 1100°C, in air.

(4) Test Procedure

Creep tests were conducted at 1100 to 1200°C, under stresses ranging
from 103 to 172 MPa for times up to 250 hours. In order to ensure that
bending was kept to a minimum in the loading system, the majority of the
creep tests were Interrupted before failure so that the amount of bending
in the gauge section could be measured. A calibrated eyepiece was used to
optically measure differences in the displacements between the two target
arms on both sides of the gauge section. For the specimens used in this
study, the differences in the displacements between the target arms were

less than 8% of each other. The deformed specimens were then

—
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sectioned, polished and examined using scanning and transmission electron

microscopy.

A few of the specimens were also analyzed for bending by a
technique developed by Jakus et al.!® This technique determined the
amount of bending in a specimen by measuring the surface curvature of the
gauge section. The apparatus® consisted of a linear voltage displacement
transducer (LVDT) which systematically moved across the surface of the
gauge section. Any curvature in the section was recorded as a positive or
negative displacement of the LVDT. A computer program analyzed the
measured displacements and calculated the curvature of the gauge sections.
With this technique, the amount of strain variation in deformed gauge

sections was determined to be approximately 6 to 8%.

RESULTS AND DISCUSSION
(1) Creep Results

Figure 3 summarizes some of the tensile creep curves at 1100°C for
applied stresses of 103, 137 and 172 MPa. All of these tests were
interrupted after a certain period to ensure that bending in the gauge
section was minimal. The strain versus time results exhibited an initial
primary regime where the creep rate decreased rapidly with time. After
this transient period, a secondary or steady-state creep regime was

observed, where the creep rate was constant with time. All tests shown in

figure 3 were terminated prior to specimen failure. If these tests were
conducted until failure, a regime of tertiary creep behavior would have

also been observed. The shape of these creep curves are similar to

®*National Bureau of Standards, Gaithersburg, MD. !{




those found in tensile creep studies involving other ceramic materials.!:*
The transition point between primary and secondary creep behavior
was determined using a computer program. In this analysis, the primary

creep regime was fit to a logarithmic relationship and the secondary creep

regime was fit to a linear relationship. The procedure used in this

analysis has been described elsewhere.® Generally, the transition from

primary to secondary creep behavior occurred between 10 and 20 hours.

Wiederhorn et al.”’ and Carroll et al.!! have also observed secondary creep

to be established very quickly in this siliconized silicon carbide. Their +tnaU<,
creep’ and creep rupture studies!! have shown that after a short primary

stage (<20 hours), an extended period of secondary creep is observed prior

to the onset of tertiary creep and failure. 1In almost all cases, the

s;condaty creep regime was found to extend for more than 80% of the

specimen’s creep life.’:!! The few exceptions involved specimens which

exhibited a longer than normal tertiary creep regime.

The creep results for two specimens tested to failure, at 1100°C
under an applied stress of 172 MPa, are shown in figure 4. Specimens KS
and K7 both exhibited tertiary creep behavior with failure strains of
0.75% and 0.56%, respectively. These results show a variation in the
creep behavior in both the secondary and the tertiary creep regimes.
Specimen K7 exhibited a relatively long secondary creep regime, with a
short period of tertiary creep behavior prior to failure. The secondary
creep regime of this specimen lasted for approximately 80% of its creep
life. The creep curve of specimen K5 is much different than specimen K7.

This specimen exhibited a shorter secondary creep regime with a longer




!!!!-ll-.-................-..-..-.'........'.-..........l.....lll.-IlIIlIll-II--r**

48

period of tertiary creep behavior. In specimen K5, the secondary creep
regime lasted approximately 40% of its creep life.

This §ariat10n in the creep behavior i{s most likely due to
microstructural differences, such as the amount and distribution of the
silicon phase in the material. Microstructural analysis of this
siliconized silicon carbide has revealed that this material is very
inhomogeneous.? Some areas of the microstructure contained a high density
of silicon carbide while other areas contained large pockets of silicon.
This uneven distribution of silicon throughout the material will result in
a variation in the creep behavior between specimens. In a related study,
Carter et al.!2 have shown that the creep behavior of a reaction-bonded
silicon carbide was sensitive to these microstructural differences. 1In
this study, they found p ] direct correlation between the amount of silicon
in the specimen and the observed steady-state creep rate. For the
specimens which contained the most silicon (approximately 12.2 volume %),
they found the steady-state creep rate was six times greater than the
specimen which contained the least amount of silicon (approximately 10.9

volume %).

(2) Stress and Temperature Dependence of Steady-state Creep

The steady-state stress exponent at 1100°C was determined by
plotting the log é, versus log o, where é, is the secondary creep rate and
o is the applied stress. The slope of the best-fit line through the data
is equal to the steady-state stress exponent for creep. The results

revealed an increasing stress exponent with stress (figure 5). At

‘stresses below 137 MPa, the steady-state stress exponent was approximately
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(] four. At stresses greater than this value, the slope of the line is
considerably greater, approaching a value of ten. The increase in the
stress expgnenc in the high stress regime indicates that the mechanism(s)
responsible for creep may be changing. SEM analyses have shown that creep

damage accompanies deformation in the specimens tested under the higher

applied stresses. 1In a previous paper, a threshold stress for creep
- damage at 1100°C was determined to be approximately 132 MPa.® This
threshold stress value lies on the stress exponent curve where the
exponent changes from four to ten. This result suggests that the increase
t« in the stress exponent above the threshold stress is due to the formation
of creep damage. A similar type of behavior has also been observed by
Wiederhorn et al.’” for this particular siliconized silicon carbide. Their
'I tensile tests were conducted at a higher temperature of 1300°C for applied
stresses of 60 to 135 MPa. They observed a stress exponent of
approximately four at applied stresses less than 100 MPa and a stress
exponent of thirteen at stresses greater than 100 MPa. They suggested
that the increase in the stress exponent was also due to the formation of
creep damage.

The activation energy for steady-state creep was determined for the
temperature range of 1100 to 1200°C under applied stresses of 103, 137 and
172 MPa (figure 6). A plot of ln ¢, versus 1/T, where T is temperature,
yields the activation energy for steady-state creep from the slope of the
best-fit line through the data. At a stress level of 103 MPa, the
activation energy was approximately 175 kJ/mole for the temperature range

of 1100 to 1200°C. This stress level corresponds to the region where the

steady-state stress exponent was approximately four at 1100°C. At the




higher applied stresses of 137 and 172 MPa, the activation energy for

creep increased to 210 and 350 kJ/mole, respectively, for the same
temporatur; range. The change in the activation energies also indicates
that the mechanism for creep is changing as the applied stress increases.
These stress levels correspond to the regime were the stress exponent for

steady-state creep was approximately ten, at 1100°C.

(3) Transmission Electron Microscopy

Deformed specimens were examined using transmission electron
microscopy. The results revealed dislocation activity in the silicon
phase for all stress levels in this investigation. There was no
obgervable movement or increase in the number of dislocations in the
silicon carbide grains. Figure 7 is a bright field transmission electron
micrograph of a silicon pocket in a specimen tested at 1100°C under 172
MPa to a creep strain of 0.568. The Burger's vector of these dislocations
was a/2{110]. Typically, dislocation densities were relatively low and
confined in groups randomly distributed throughout the silicon pockets.
There were no signs of large dislocation networks in the silicon phase.
These results indicate that creep deformation occurs by deformation of the
gilicon phase and that the silicon carbide grains essentially behave as

rigid elastic particles.

(4) Creep Mechanism Below the Threshold for Creep Damage
The stress exponent of four, which is below the threshold stress for
creep damage, is a representative value for the stress exponents normally

obtained for dislocation controlled creep. According to the deformation
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map of silicon, the applied stresses and temperatures used in this study

correspond to the regime where dislocation creep is the rate-controlling
nechanisn.i’ Therefore, the creep deformation of this siliconized silicon
carbide below the threshold stress for creep damage, is controlled by
dislocation processes in the silicon phase. The activation energy for
steady state creep at 103 MPa was approximately 175 kJ/mole for the
temperature range of 1100 to 1200°C. 1If dislocation climb were the rate
controlling process for steady-state creep, the observed activation energy
should be equal to the activation energy for the lattice diffusion of
silicon.!* The activation energy of 175 kJ/mole is approximately one-
third of the activation energy for lattice diffusion of silicon.!3 Since
the observed activation energy is less than that for lattice diffusion,
dislocation climb probably does not control secondary creep, unless short-
circuit diffusion processes are operative.

However, the activation energy of 175 kJ/mole is close to the
activation energy obtained during dislocation velocity measurements in
silicon.1®:17 Suzuki et al.!® and Kannan et al.!’ have determined the
activation energy for dislocation motion to be approximately 221 and 176
kJ/mole, respectively. They concluded that these activation energies
corresponded to the energy for thermally-activated dislocation glide in
silicon, where the rate-controlling process was overcoming the Peierl’s
barrier by the formation of double kinks. Therefore, based upon these
results, gteady-state creep in this siliconized silicon carbide below the
threshold stress for creep damage, may be controlled by this mechanism.

However, further TEM analysis is necessary to confirm this conclusion.
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(5) Creep Mechanism Above the Threshold Stress for Creep Damage

The.increase in the stress exponent and the activation energy above
the threshold stress for creep damage can be attributed to the formation
of creep damage. Similar changes in the stress exponents!-’ and
activation energies?:3:% for steady-state creep have been observed in
other studies when creep damage or grain boundary cracking occurred during
deformation. This type of behavior is due to the enhancement in the creep
rate by the formation of creep damage.

Both Hasselman et al.!®:19 and Raj2? have discussed the effects of
creep damage on the creep rate of a material. The model of Hasselman et
al.1%:19 j35 based upon two mechanisms through which creep damage or cavity
formation can contribute to the creep rate of a material. The first
mechanism {s called crack-enhanced creep (é) and describes the local
transfer of stress from grain boundaries where cavities formed, to the
surrounding matrix. This local stress transfer increases the effective
stress on the matrix, resulting in an accelerated creep rate. The

contribution of crack-enhanced creep is given by:1%.19

&, = égae (1 + 22Na2nl/2) (1)
where é,,. is the rate of creep for the material in the absence of
cavities, N is the areal density of cavities at a given time, a is the
cavity half length and n is the steady-state stress exponent of the
cavity-free material,

The second mechanism through which cavities can enhance the measured

creep rate is referred to as elastic creep (é,;,,.). This process

describes the time dependent decrease in the elastic modulus of the

12
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material, through the formation of creep daumage. The elastic creep rate -

—~ -

of a material 1g:18.19
éolast = 2xac(2aN + .'N)/E-Qt. (2)

where & is the rate of cavity growth, N is the rate of cavity nucleation

per unit area, and E,,. is the elastic modulus of the cavity-free

material.

According to Hasselman et al.,!?:1? the total creep rate of a
material including the contribution of creep damage, is sum of equations
(1) and (2). However, a third contribution to the creep rate should also
be considered. Raj2° has shown that the formation of creep damage or
cavities results in a volume increase in the gauge section. The volume
increase will appear as a time-dependent strain which is measured along )
with the creep strain. This contribution of creep damage (é,,,) to the

measured creep rate of a material is given by:2°
fcav = (1/3)8V/V = (1/3)V, (3)

where AV/V is the rate of chauge in the volume of the gauge section with
time and V, is the rate of change in the volume fraction of cavities with
time.

In order to determine if the increase in the stress exponent
(figure 5) is due to the formation of creep damage, equations (1), (2) and
(3) were used to subtract the contribution of creep damage from the
measured creep rates. The parameters used in these calculations were
obtained from the results of the quantitative microscopy presented in the

previous paper.® In this analysis, creep damage was assumed to occur




during the secondary creep regime. This assumptiou was based upon the
results of the areal density and area fraction of cavities analyses, which
indicate that creep damags does not form until the later stages of primary
creep or the initial stages of secondary creep behavior.® This analysis
was only conducted for those specimens which were interrupted during the
secondary creep regime, before the onset of tertiary creep behavior.

The total measured creep strain during the secondary creep regime

can be calculated by:

T (4)

€@ = &

where ¢, is the measured secondary creep rate and t is time of the test in
the secondary creep regime. The amount of the measured strain due to the
formation of creep damage can be determined by integrating equations (1),
(2) and (3) with respect to time. By integrating equation (1), the amount
of creep strain in the secondary creep regime due to crack-enhanced creep

(e,) is:t
€. = €uqy (1 + xNa2nl/2) (s)

where ¢,,, is the creep strain of the cavity-free material. The amount of
elastic creep strain (e,,,,.) is found from integrating equation (2).
Assuming that the contribution of cavity growth to deformation is minimal

TIn this integration, it was assumed that the areal density of cavities
increases linearly with time.

14
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(a = 0), €elast is:s
€elast © 2"‘2°N/Eint (€)

- where N is the number of cavities per unit area. The integration of

} equation (3) yields the amount of strain due to the increase in the volume

of the gauge section from the formation of creep damage (¢.,,) as:
€av = (1/3) Vg (7)

where V, is the volume fraction of cavities in the specimen.

By using the results of the areal density and area fraction
analyses presented in the previous paper? and the assumption that the
volume fraction of cavities is equal to the area fraction of cavities, ¢,

can Le calculated using:
€c T € - €olast "~ Coav ¢:))

The creep strain of the siliconized silicon carbide specimens without the
contribution of creep damage (¢,,.) 1s obtained from this result by

rearranging equation (5) to:
€aat = € / (1 + nNa?nl/2) (9

The creep rate of the siliconized silicon carbide in the absence of creep
damage, can then be calculated by dividing ¢,,, by the total time of the
secondary creep regime.

$This conclusion was based upon SEM and quantitative microstructural
analyses. These techniques have shown that once a cavity nucleates, it
grows very rapidly to a maximum size, whereupon further growth with
deformation is minimal. The maximum size of the cavity is dictated by the
size of the silicon carbide grain facet. In this analysis, it was assumed
the cavities nucleate with a final size of a = 3 x 10°% m.?®
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After calculating the creep rate of the siliconized silicon carbide
without the contributions of creep damage, the results were plotted on the
stress exﬁonent curve (figure 8). The creep data below the threshold
stress for creep damage was also included. The lines with the slope of
four and ten correspond to the original data. After subtracting the
effects of creep damage from the measured creep rates, the creep data
above the threshold, tends to fall on the line corresponding to a stress
exponent of four. This result indicates that the increase in the stress
exponent was due to the formation of creep damage. By comparing the
contribution of each mechanism to the enhanced creep rate, the volume
increase as described by Raj,?° is responsible for most of the increased
stress exponent.

The models of Hasselman et al.!®:1% and Raj?? have accounted for
the majority of the enhanced creep rates at 137 and 155 MPa. At 172 MPa,
however, the calculated creep rates were somewhat higher than the values
predicted by the line having a slope equal to four. It is possible that
at this stress level, the cavity densities were large enough for cavity
interactions to contribute to the deformation process. Cavity
interactions could increase the creep rate by raising the effective stress

in the material. N

SUMMARY

The tensile creep behavior of a siliconized silicon carbide was
measured using an optical extensometer and a modified flat dogbone-shaped
specimen. Creep tests were conducted in air under applied stresses of 103

to 172 MPa for the temperature range of 1100 to 1200°C. The steady-state
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L stress exponent for creep at 1100°C was determined to be approximately
four under.applied stresses less than the threshold for creep damage (132
MPa). Under applied stresses greater than the threshold for creep damage,
4 the steady-state stress exponent increased to approximately ten. The

activation energy for steady-state creep at 103 MPa was approximately 175

kJ/mole for the temperature range of 1100 to 1200°C. Under applied
stresses of 137 and 172 MPa, the activation energy increased to 210 and
350 kJ/mole, respectively, for the same temperature range.

At applied stresses less than the threshold for creep damage, creep
deformation in the siliconized silicon carbide was controlled by
dislocation processes in the silicon phase. The activation energy of 175
kJ/mole and a stress exponent of four suggests that the rate-controlling
mechanism may involve dislocation glide in the silicon phase. Creep
deformation above the threshold stress for creep damage, was enhanced due
to the formation of creep damage. The increase in the stress exponent and
activation for creep was due to the contribution of creep damage to the
deformation process. The models of Hasselman et al.1%:1% and Raj2? were
used to describe the enhancement in the creep rate and to account for the

increase in the stress exponent caused by the formation of creep damage.
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h FIGURE CAPTIONS
Figure 1. Tensile specimen design.

Figure 2. Loading system of creep apparatus.

Figure 3. Creep strain versus time at 1100°C for specimens tested under
stresses of 103, 137 and 172 MPa.

Figure 4. Creep strain versus time at 1100°C for specimens tested under
a stress of 172 MPa.

Figure 5. Log steady-state creep rate (¢,) versus log applied stress (o)
at 1100°C.

Figure 6. Ln steady-state creep rate (¢,) versus temperature for applied
stresses of 103, 137 and 172 MPa.

Figure 7. TEM bright field micrograph of dislocations in a silicon pocket
of a specimen tested under a stress of 172 MPa to a creep
strain of 0.56% at 1100°C.

Figure 8. Log steady-state creep rate (é¢,) versus log applied stress (o)
at 1100°C. Cavity contribution has been subtracted from the
measured creep rate.
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TIME DEPENDENT MECHANICAL BEHAVIOR OF SILICON NITRIDE CERAMICS
ABOVE 1100°C

M. R. Foley and R. E. Tressler

The Pennsylvania State University

Department of Materials Science and Engineering
Ceramic Science Program

University Park, PA 16802

ABSTRACT

Slow crack growth and creep damage accumulation in silicon nitride ceramics are important
processes which limit their usefulness in highly stressed components at elevated temperatures in
heat engines. The threshold stress intensities for crack growth at elevated temperatures in air
for a commercially available silicon nitride ceramic have been estimated from interrupted static
fatigue tests. Tensile creep measurements for this material are being used to delineate the
regimes of temperature and stress in which creep cavitation causes flaw nucleation and eventual
failure.

INTRODUCTION

Silicon nitride-based ceramics are being studied for high temperature structural applications
such as gas turbine engine components. By using these ceramics, the new high efficiency heat
engines can be operated at temperatures higher than allowed by current super alloys. Although
an excellent candidate for this application, silicon nitride-based ceramics are limited at elevated
temperature due to their susceptibility to slow crack growth and creep damage.

Measurements of short-term strength, fracture toughness, slow crack growth and creep at high
temperature have been reported for various silicon nitride ceramics!-7. In general, these
properties are time, temperature and stress dependent and therefore, a detailed knowledge of
these interrelationships are required to make long term reliability predictions. It has been
shown$-10 that there are two distinct regions of delayed failure for a typical silicon nitride
ceramic at high temperatures. At low stress levels, rupture behavior is strain limited and failure
occurs by creep rupture. At high stress levels the failure strains are very small and failure is
governed by slow crack growth of preexisting flaws. For an MgO-doped HPSN a specific
stress level has been reported by Grathwohl8 dividing these two regions of behavior suggesting
a threshold stress or stress intensity for crack growth. Below this threshold preexisting flaws
apparcrllltly blunt, and either accommodated creep or cavitation creep control the time dependent
strength.

In this paper our measurements of the threshold stress intensity for crack growth in an alumina
yttria-doped silicon nitride using static loading tests are presented. In addition tensile creep
experiments have been performed to characterize the behavior of this material below the
threshold stress intensity for crack growth. Tensile tests were chosen to study the material




behavior in the creep regime since the stresses are poorly defined in a creeping bend
specimen!],

E EXPERIMENTAL PROCEDURE

a 1) Material and Specimen Design

The silicon nitride*® examined in this investigation contained 2 wt% alumina and 6 wt% yttria as
i densification aids. The bulk density of this material was 3.24 - 3.26 g/cc!2. The
microstructure as shown in Figure 1 consisted of equiaxed grains of -Si3N4 ranging in size
from less than 0.25 up to 4 microns, elongated grains with aspect ratios ranging from 3:1 to
9:1, and an amorphous grain boundary phase.

Bend specimens were cut from rectangular blanks, approximately 20 x 30 x 5 mm in size using
a diamond cut-off wheel. The major faces of the samples were surface-ground to a 600-grit
finish. Tensile surfaces were hand-beveled using a 15 micron diamond disc to eliminate any
edge-checking flaws that may have formed during grinding. The final test bar dimensions were
approximately 4 x 2 x 30 mm.

Tensile creep specimens were cut from rectangular blanks, approximately 15 x 15 x 76.2 mm in
size. The specimen design (Figure 2) was similar to the modified flat dogbone-shaped specimens
developed by Wakai!3 and co-workers and also used by Carroll and Tressler}4. The specimen
design used in this study, however, eliminated the use of machined-in target arms for strain
measurements using an optical extensometer. Target arms of the same composition as the
specimen were attached to the specimen using platinum wire giving a gauge length of
approximately 19 mm. The two holes in the specimen were used to pin the specimen to the
loading system. It should be noted that the holes were double tapered and the holes were
machined directly on the centerline of the specimen in order to avoid bending moments. The
edges of the gauge length were polished using diamond paste down to 3 microns to minimize
grinding flaws.

2) Loading Systems
a) Flexure

The four point bend test system consisted of alumina rams entering a furnace from the top and
bottom and hot pressed magnesia-doped silicon nitride knife edges with upper and lower spans
of 5.2 and 19.7 mm, respectively. A double plate and bearing assembly was used to allow
alignment of the rams. The furnace was positioned between the lead screws of a computer
controlled testing machine.

b) Tension

A schematic of the tensile loading system designed by Carroll and Tressler!4 is shown in Figure
3. The tensile specimen was attached to the two siliconized silicon carbide grips** using
sintered alpha silicon carbide***pins. The pin and grip arrangement was located inside the
furnace and resided at the test temperature. The two grips extended outside the furnace and
were connected to the remainder of the load trains. The load was applied to the specimen by
hanging weights from the loading platform.

*  AYé silicon nitride, GTE, Towanda, PA
**  Crystar, Norton Company Worcester, MA
*** Hexalloy SA, Standard Oil Engineered Materials Co., Niagara Falls, NY




The creep elongation of the specimen was measured using an optical extensometer®. The
optical extensometer focussed on the two target arms on the tensile specimen through a fused
silica window. The target arms were back-lighted using a halogen light source transmitted
through a second fused silica window located in the back of the furnace. The optical
extensometer detects the shadows of the two target arms using photo-cathode screens. As the
target arms move apart during the creep test, the optical extensometer follows their movement,
producing an output proportional to the displacement. The resolution of this measuring
technique is approximately one micron at 1100-1200°C in air.

TEST PROCEDURE
a) Interrupted Static Fatigue Test

The interrupted static fatigue test used on the bend specimens in this study has been fully
described by Minford!3:16 and co-workers. The test involves heating the sample to test
temperature, rapidly loading to a predetermined static load level for a specified time. If the
sample does not fail during the soak time, it is rapidly loaded to failure at the test temperature.
this test directly measures the effect of an applied stress during static loading on the fracture
stress of the material. The strength reflects any charges in flaw severity and gives one an
estimate of the threshold stress intensity for crack growth in the material. Tests were performed
on as-machined and oxidized samples at 1100 and 1200°C in air for ten hours. The stressing
rate was 30-35 MPa/sec.

b) Creep Tests

Creep tests were performed at 1100 to 1200°C in air at stresses of 100, 150 and 200 MPa for up
to 100 hours. Specimens were placed into the loading train under a prestress of 12 MPa before
furnace heat up in order to seat the pins in the holes and minimize bending moments. The
furnace was then heated to 1200°C in air for a minimum of 16 hours to oxidize the sample. The
temperature of the furnace was then set to the test temperature (1100-1200°C) and held for
another 8 hours to bring the entire loading system to thermal equilibrium before starting the
creep test. Due to the sensitivity of the measuring technique to changes in ambient temperature,
the entire loading train system was thermally isolated from the room. After oxidation and
thermal equilibration of the sample and system, the sample was loaded to the desired stress level
for the creep test.

RESULTS AND DISCUSSION
1) Threshold Stress Intensity for Crack Growth

Figures 4 and 5 summarize the interrupted static fatigue test results at 1100°C in air for the as-
machined and oxidized (15 hrs @ 1200°C in air) silicon nitride samples, respectively. Plotted at
an initial stress intensity of zero are samples fractured at 1100°C in air with no prior static
loading. The symbols and error bars represent the mean fracture stress and 95% confidence
interval, respectively. The threshold stress intensity, Ko, is estimated as the lowest initial
applied stress intensity at which at least one of the samples failed during static loading. The
threshold stress intensity for crack growth for the as-machined and oxidized samples are 1.75
MPa-m1/2 and 2.00 MPa-m!/2, respectively. The range of Ko values is due to the range of
flaw sizes calculated from the initial strength distributions. Note also that, because there is no

*  Model 200 x-2, Zimmer OHG, West Germany




significant change in mean fracture stress (indicated by the solid circle) with increased initial
stress intensity up to Kjq, it is assumed that the original strength-limiting flaw population is
unchanged.

The interrupted static fatigue test results for as-machined and oxidized samples at 1200°C in air
are summarized in Figures 6 and 7. For the as-machined samples, a sharp decrease in mean
fracture stress in observed with increasing initial applied stress intensity along with an apparent
threshold stress intensity of 1.00 MPa-m!”2, The oxidized samples during static loading do not
show any significant decrease in mean fracture stress with increasing initial applied stress
intensity up to the Kjo of 1.50 MPa-m!/2,

The differences in Ko values between the as-machined and oxidized materials during static load
testing are apparently due to a microstructural change, and this effect is most apparent at 1200°C
for this material. The decreasing mean fracture stress for the as-machined samples is probably
due to the creation of a new flaw population which produced flaws that were more severe. This
new flaw population could possibly have been created by creep cavitation at this temperature as
identified by Tighe7+17.18 and co-workers, Grathwoh!8 and Quinn%10. Note that, because of
the creation of new flaws, the sizes of which are not well-characterized, the actual initial applied
stress intensity values used during testing were different from those calculated from the original
flaw population. Therefore, it is more informative to record the effect of initial applied stress on
the mean fracture stress for the as-machined specimens (Fig. 6).

The fact that the oxidized samples do not experience the same detrimental effects during static
loading at 1200°C as did the as-machined samples presumably results from an oxidation-
induced microstructural change. At this temperature it is well known19-23 that additives and
impurities such as Fe, Al and Y present in the grain boundary phase diffuse toward the surface.
This rejection of impurities from the grain boundaries creates a more refractory grain boundary
phase, and thus, produces a more creep resistant material.

2) Correlation between Flexural and Tensile Behavior

In order to delineate the regimes of temperatures and stress in which slow crack growth and
creep cavitation are the dominant processes responsible for failure at high temperatures, tensile
creep measurements were used. From the strengths of the bend specimens at these elevated
temperatures, the strengths of tensile specimens can be predicted using Weibull statistics. In
order to predict strengths on specimens with different volumes under stress, the effective
volume must be calculated from the geometry of the specimen, the loading configuration and
Weibull statistics. In the case of the rectangular cross section used in the bend tests (4 x 2 mm)
and four-point bending test geometry (upper and lower spans of 5.2 and 19.7 mm,

respectively), the effective volume (VE) is given by the relationship for four-point bending24:
VE=K Vp

where K, the load factor, is given by

a

‘E)m+ 1
K= 5
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where a is the upper span, b is the lower span, m is the Weibull modulus and Vp is the total
volume under stress. Assuming that volume-distributed flaws dominate, the bend and tensile
strengths are related by

& -

where oT is the predicted tensile strength from four-point bend data, o is the four-point bend
strength and V is the total volv - ¢ withi the gauge length in a tensile specimen. The strengths
of the tensile specimens can be cstimat * from the strength of the four-point bend specimens
using the above relationship and the experimental Weibull parameters for the bend strengths.
Because of the more stable behavior of the oxidized samples in bending, only oxidized
specimens were used in tensile creep tests. The calculated applied stresses for fast fracture and
for cracks to grow at the threshold stress intensity at 1100°C and 1200°C in air for oxidized
tensile specimens are shown in Table 1. The Weibull moduli for the oxidized samples at 1100

and 1200°C were 7.0 and 5.0, respectively23.
Table 1. Tensile strength and threshold stress predictions from flexural data on oxidized

specimens
TEMP FLEXURAL TENSILE
&Y of (MPa) Oth (MPa) o¢ (MPa) Ow (MPa)
1100 599 333 346 192
1200 476 224 238 112

3) Creep Results

Preliminary tensile creep tests were performed on oxidized specimens at temperatures from
1100 and 1200°C under stresses of 100, 150 and 200 MPa. Figure 8 summarizes some of the
tensile creep curves at 1100°C in air for applied stresses of 100, 150 and 200 MPa. An initial
primary creep regime (up to 10-15 hrs), followed by a secondary or steady-state creep regime
was observed. The tests shown in Figure 8 were terminated prior to specimen failure except for
the 200 MPa test which was part of a temperature-change test. Similar tensile creep curves have
been observed for other silicon nitride-based ceramicsS:13.26, 27 as well as for other ceramic
materials!428, No samples were tested to failure at 1100°C at these three stress levels and,
hence, the presence or absence of tertiary creep cannot be ascertained.

The stress dependence of the steady state creep rate (gs) at 1100°C was estimated by fitting to
the Dorn equation:

& = A o exp(-Qc/kT)
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where A is a constant, n is the stress exponent for steady state creep, Qc is the apparent

activation energy for creep and k is the Boltzman constant. Plotting the log & versus log & for
different samples at constant temperature (Figure 9), no concrete dependence is obvious from
this preliminary data. Other values of the steady state stress exponent for silicon nitride
ceramics have been reporteds8.29-31 and range from 1.5 to 2.4 at temperatures of 1200 to
1400°C in air. They all indicate that creep deformation is controlled by viscous flow of the
grain boundary phase leading to creep cavitation, flaw nucleation and eventual failure.
Grathwohl8 has shown that above a distinct stress level it is slow crack growth that governs
rupture behavior and below which rupture behavior is controlled by creep cavitation. It is
obvious that more stress change tests and temperature change tests are needed along with
microscopic analysis to characterize the creep behavior of this material.

Results of the bend data predict a value of applied stress of 192 MPa in tension at 1100°C to
equal the threshold stress intensity for crack growth (Table 1). Thus, at stresses above 200
MPa one expects slow crack growth to dominate and very small strains to failure to be
observed.

Two creep tests were conducted at 1150°C at 200 MPa. Figure 10 shows the creep curve for
one of the tests. Failure had not occurred after 75 hours, but the test was terminated due to
equipment malfunction. The second test led to specimen failure in approximately 4 to 5 minutes
and no creep strain data was measured. These specimens seem to have bracketed the threshold
stress intensity for crack growth at this temperature.

The predicted threshold stress for crack growth in tension is 112 MPa at 1200°C (Table 1).
Tensile creep experiments at 1200°C resulted in failure after 3 minutes and 1 minute at stresses
of 100 and 200 MPa, respectively. Further experiments at stresses near and below the
predicted threshold stress are needed to confirm these approximate predictions.

To estimate the activation energy for steady-state creep a temperature change test at constant
stress (200 MPa) was performed from 1100 to 1175°C. The results are presented in Figure 11.
Specimen failure occurred after a total test time of 92.05 hours and at a total strain of 0.444%.

From a plot of Ln &g versus 1/T, one can estimate the apparent activation energy for the Dorn
equation. The data are presented in Figure 12. The data are too scattered and too few to
est/imatc the activation energy with confidence. However, it is in the range of 300 to 500
kJ/mole.

Activation energies reported3:8:29-31 for other silicon nitride ceramics for the temperature regime
from 1100 to 1400°C range from 535 to 709 kJ/mole again suggesting that viscous flow of the
grain boundary phase govemns creep deformation.

SUMMARY

Interrupted static fatigue tests and tensile creep tests were performed in order to delineate the
regimes of temperature and stress in which slow crack growth and creep cavitation are the
dominate processes responsible for failure at high temperature. The threshold stress intensity
for crack growth was estimated to be 1.75 and 2.00 MPa-m!/2 at 1100°C in air for as-machined
and oxidized samples, respectively. However, at 1200°C a strength degradation is observed for
as-machined sample and is probably due to the creation of a new flaw population which
produced flaws that were more severe by creep cavitation. The fact that the oxidized samples
do not experience the same detrimental effect at 1200°C presumably results from an oxidation-
induced microstructural change thus producing a more creep resistant material.




The tensile creep behavior of the more stable oxidized silicon nitride was measured using a

optical extensometer and a flat dogbone-shaped specimen. Tensile creep tests conducted at

applied stresses near or below the predicted threshold stress at 1100°C exhibited typical primary
and secondary creep behavior. No concrete dependence of stress on the steady-state creep rate
was obvious from this preliminary data. Creep tests at 1150°C at 200 MPa show both creep
behavior and slow crack growth rupture behavior suggesting that these specimens have
bracketed the threshold stress for crack growth at this temperature. All creep tests performed at
b 1200°C led to very short term failure at applied stresses of 100-200 MPa. Thus, the threshold
i stress for crack growth is near or below 100 MPa as predicted by flexural data.
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FIGURE CAPTIONS

Figure 1.

Figure 2.
Figure 3.
Figure 4.

Figure S.

Figure 6.

Figure 7.

Figure 8.

Figure 9.
Figure 10.
Figure 11.

Figure 12.

Transmission electron micrographs showing general microstructural features by
bright field imaging (a) and dark field imaging of amorphous grain boundary phase
(b)

Tensile specimen design.
Loading system of creep apparatus

Effect of initial applied stress intensity on fracture stress of as-machined HIPSN at
1100°C in air, static load time: ten hours.

B -  Tested after proof testing, no prior static loading

@ - Tested after static loading

V¥ - Failed during static loading

24 - Indicates the number of samples tested.

Effect of initial applied stress intensity on fracture stress of oxidized HIPSN at
1100°C in air, static load time: ten hours.

B - Tested after proof testing, no prior static loading

@ - Tested after static loading

V¥ - Failed during static loading

24 - Indicates the number of samples tested.

Effect of initial applied stress intensity on fracture stress of as-machined HIPSN at
1200°C in air, static load time: ten hours.

B - Tested after proof testing, no prior static loading

@® - Tested after static loading

V¥ - Failed during static loading

24 -  Indicates the number of samples tested.

Effect of initial applied stress intensity on fracture stress of oxidized HIPSN at
1200°C in air, static load time: ten hours.

B -  Tested after proof testing, no prior static loading

@® - Tested after static loading

V¥ - Failed during static loading

24 - Indicates the number of samples tested.

Creep strain versus time at 1100°C in air for specimens under stresses of 100, 150
and 200 MPa.

Log steady state creep rate versus log applied stress at 1100°C in air.
Creep strain versus time at 1150°C for a specimen under a stress of 200 MPa.

Creep strain versus time at 1100-1175°C for a specimen under an applied stress of
200 MPa.

Ln steady-state creep rates versus temperature for an applied stress of 200 MPa.
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COMPARISION OF THE TIME DEPENDENT

STRENGTH OF THREE COMMERCIALLY

AVAILABLE SILICON NITRIDE MATERIALS

by M. R. Foley, C. A. Randall, R. E.Tressler




INTRODUCTION

In recent years, advanced engineering ceramice have
been developed and studied for elevated temperature
structural applications. Heat recovery systems, heat
engines, turbine blades and rotors in gas turbine engines
are prime examples of the use of these ceramics. Because
of the combination of high strength to weight ratio,
retained strength at elevated temperature and favorable
oxidation, corraosion and thermal shock resistance silicon
nitride — based ceramics are excellent candidates for
these application.

Folycrystalline ceramics such as silicon nitride are
susceptible to slow crack growth in severe atmospheres and
elevated temperatures. A knowledge of the short term
strength and fracture toughness of these ceramics are
essential for design purposes, but these properties do not
determine how a material will behave over time at stresses
well below the fracture stress or stress intensities above
the theshold stress intensity for slow crack growth.

Early studies on threshold values were concerned with
amorphaous materials. More recently investigators have
studied polycrystalline non-oiide ceramics such as SiC and
Si3N4 at elevated temperatures.

The high temperature properties of Si3N4 - based
ceramics are strongly influenced by the grain boundary
phases. Magnesia-doped and alumina-yttria-doped silicon
nitide materials show some promise for use at elevated
temperatures (>1000 C), but softening of the amorphous
grain boundary phase(s) has limited there application
temperatures. New SiZN4 ceramics using yttria or yttria-
silica as sintering aids have been introduced with improved
high temperature strengths over the older generation 5iIN4
ceramics.

The objectives of this study is to compare the
behavior of flaws near the threshold stress intensity for
crack growth in three commercially available silicon
nitride ceramics, and toc explain the differences in terms
of the grain boundary composition and structure.




EXPERIMENTAL PROCEDURE

The three silicon nitride - based cetramics used in
this study are all commerially avaialable. The
manufacturers, grade designations, sintering aids,
processing and bulk densities are summerized in Table 1.
The AYS material was recieved in rectangular billets
measuring —20 by 30 by S mm. Test specimens were cut fraom
the billets using an B-in. continuous resin bonded diamond
cut—aff wheel. The PYé6 and SN2SOM materials were recieved
as bend bars measuring —-6.4 by I.2 by 51 mm. These were
cut in half to increase the number of samples available
for testing. The major faces of all the samples were
surface ground to a 600 grit finish using a diamond wheel.
Tensile surfaces were hand beveled using a 15 micron
diamond disk to eliminate any edge checking flaws that may
have formed during grinding.

The interrupted static fatigue test used in this
study has been fully described by Minford and co-workers.
The test invalves heating the sample to test
temperature, rapidly loading to a predetermined static
load level and maintaining that load level for a specified
time. If the sample does not fail during the soak time, it
is rapidly loaded to failure at the test temperature. This
test directly measures the effect of an applied stress
intensity during static loading on the fracture stress.
This in turn reflects any changes in flaw severity and
gives one an estimate of the threshold stress intensity
for crack growth in the material.

The specific experiment consisted of & four point
bend test using a lower span of 20 mm and an upper span of
S mm. All samples were static loaded in the as-machined
condition at 1200 C in air for 10 hours, if they survived.
After the 10 houwr soak the samples were loaded to failure
at a stressing rate of Z0-35 MPa/sec.

Due to the limited number of samples available the
flaw distribution and fracture toughness of the FYs and
SN25OM materials could not he accurately determined.
Therefore a specific threshold stress intensity could not
be measured directly. However an estimate of the threshold
stress intensity can measured by observing the effect of
an applied stress on the fracture stress of these SiIN4
materials.

Test bars were loaded into the furnace and the knife
edges aligned prior to heat up. Furnace heat up to 1200 C
in air took =30 minutes. HBecause of thermal expansion
during heat up, the test specimens were kept under a small
load (<3 lbs.) to keep the knife edges aligned. The
assembly was held at test temperature for ~-20 minutes
before starting the test to allow the sample and laad
train to reach thermal equilibrium. The sample was then
loaded to a specific stress and held for ten hours,
assumii.g the sample survived, after which the load was
increased at the fast fracture stressing rate until
failure occured.

Since the sample is loaded to failure directly from
the static load level, the changes in flaw severity are
examined without the complicating factors of changes in




temperature or unloading the specimen prior to fracture.
One can abserve the fracture stress as a function of
initial applied stress (or stress intensity), which
directly yields the threshold value. Also one can select
the time scale of the test such that all samples loaded
above the threshold fail during static leading.




RESULTS -AMD DISCUSSION

The interrupted static fatigue test was applied to
estimate the threshold stress for crack growth at 1200 C
in air for the three materials.

AYS SAMPLES. Figure 1 shows the results of the
Al1203~-Y203~doped material static loaded at various initial
applied stresses at 1200 C in air. Plotted at an initial applied
stress of zero are samples fractured at 1200 C with no
prior static loading. The symbols and error bars represent
the mean fracture stress and 99% confidence interval,
respectively. There is a sharp decrease in mean fracture
stress with increasing initial applied stress. The first
evidence of slow crack growth is observed at an initial
applied stress of 162 MPa in that one ot four samples
failed during static loading. At a slightly higher applied
stress value there is still some mixed behavior (3 of S
failed), but at applied stresses » 225 MFa all samples
failed during static loading, most within minutes of
reaching the static load level. The threshold stress is
indicated by the first evidence (lowest stress) of mixed
behavior, i.e. 142 MPa. The decreasing mean fracture stress
with increasing initial applied was attributed to the
creation of a new flaw population which produced flaws
thnat were more severe. This has been discussed in earlier
work by Foley and Tressler.

PY6 SAMPLES. The static load data for the Y203-doped
material is shown in Figure 2. Potted at an initial
applied stress of zero are the mean fast fracture stresses
at 1180 € (diamand) and 1250 C (square) in air (Allison).
The remaining data is at 1200 C in air. The first evidence
for crack growth occurs at an initial applied stress of
375 MFa in that only one of six samples failed dutring
static loading. Mixed behavior is also observed at applied
stresses up to 450 MPa but no samples survived the ten
hour static load above that. Therefore the threshold
stress for crack growth in the FPYé4 material is estimated
to be 3735 MPa.

SN250M SAMFLES. Shown in Figure 3 are the interrupted
static fatigue test results for the Y203-Sil2~doped
material. The mean fast fracture stress is -700 MFa
(Kyocera) and is plotted at an initial applied stress of
zero. The first evidence of slow crack growth occurs at an
initial applied stress of 788 MPa which is very close to
that observed for the PY&6 material. It should noted that
at an initial applied stress of I50 MPa four of the
samples (circle) were loaded to failure after ten hours
of static loading and one sample was held for 27.5 hours
before loading to failure (diamond). Table 2 summarizes
the threshold stress results for all three materials.




It is well known that using certain densification
aids for sintering of ceramics can produce a fully dense
material with a grain boundary phase. It is this grain
boundary phase that when subjected to loads at elevated
temperatures can have deleterious effects aon the mechanical
properties of the bulk material. Tables 1 and 2 outline
the differences in bulk composition and threshold behaviaor
between the three silicon nitride materials. In order to
more fully characterize and explain the large differences
in threshold behaviaor between these ceramics, XRD was
performed on as—-machined surfaces.

fualitative macro analysis by XRD revealed that
B-5iZN4 was the only crystalline phase in the AYé
material. In contrast, the PYé and SN2S0OM material contain
both B-Si3N4 and a second crystalline phase Y2Si207.

Transmission electron micrascopy was performed to
further analyze general microstructural features arnd
grain boundary compositional differences.

In Figure 4a, a bright field image of the AYé6
material shows the general microstructure. There is a
rarige of grain sizes from <0.25 -~ 4 microns and elongated
grains with aspect ratios of approximately S. Also
observed is an inhomogeneous distribution of grain boundary
phase from very thin regions to large pockets. Localized
analysis of the grain boundary phase using convergent beam
microdiffraction revealed an amaorphous ring and dark field
imaging of the amorphous ring shows the distribution
of the grain boundary phase as shown in Figure 4b. Energy
dispersive spectroscaopy (EDS) of the grain boundary phase
detected Al, 5i, and Y as shown in 4c. The Ar is from the
ion thinning process and the Cu is from the grid used
to hald the sample. There were small regions of iron-rich
particle also observed in the AY6 matericl and is shown
in 4d.

Figure S contains the TEM data for the PYé6 material.
SJa is bright field image of the general microstructure
with similiar features to the AY4 material in grain size
range and grain boundary distribution. However, laocalized
analysis of the grain boundary phase using convergent beam
microdiffraction revealed a diffraction pattern indicative
of the crystalline grain boundary phase and is shown in
Sb. The EDS of this phase detected only Si and Y (Sc).
Also, in isolated cases small pockets of Y2Si207 are
trapped in a low angle grain boundary between two silicon
nitride grains (5d).

The TEM observations for the SN250M material is shown
in Figure 4. Again the general microstructural features
are similar in grain size range and grain boundary phase
distribution to both the AY6 and PYS (Sa). Convergent
beam micraodif+raction revealed that the grain boundary phase
is crystalline, similiar to the PY6 material (&b and ).
EDS detected Si, Y, and Sr.

In this study, estimates of the threshold stress for
crack growth in three different silicon nitride
ceramics were observed at 1200 € in air on as-machined
samples. In attempting to rationalize the large variation
in threshold behavior and keeping in mind that failure is
predominately intergranular at this temperature, qualitative %




2

analysis of the grain boundary phase(s) waes utilized. The
FY&6 and SNZ2Z0M both with a crystalline grain boundary
phase showed an increase i1in threshold stress by more than
a factor af two over the AY6 material with an amorphous
grain boundary phase. The effect of the more

refractory crystalline grain boundary is not only seen in
increases in the threshold stress but there is no
significant decrease in the mean fracture stress with
increasing applied stress. In the AYé4 material, a new more
severe flaw population was produced by creep cavitation
processes as identified by Grathwohl (ref), Guinn (ret)
and Tighe and co-workers (ref). The PY46 and SN250OM showed
no evidence of this phenomenon at 1200 C in air.

SUMMARY

An interrupted static fatique test for estimating
threshold stress intensities was applied to three
commercially available silicon nitride—-based materials in
the as—-machined conditioned at 1200 C in air. The effect
of initial applied stress on the fracture stress as an
indication of the threshold stress intensity indicated
threshold stresses of 162 MFPa, 375 MFa and 388 MFa for the
AY4, PYé6 and SN2SOM materials, respectively. The
threshold stress (ar threshold stress intensity) was found
to depend on the nature of the grain boundary phase in
beta-Si3N4 ceramics with similar grain size and
morphology. Differences in grain boundary structure from
amorphous to crystalline would account for an increase in
the thresaold stress by more than a factor of two.
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